


ABSTRACT 

Nanomechanical Characterization of 1D Nanomaterials for Structural 
and Energy Applications 

by 

Phillip Edward Loya 

Classical fracture mechanics and conventional dislocation based understanding of 

metal yield and failure was well researched and understood until the recent advancement 

of electron microscopy techniques and the ability to produce small-scale metal samples. 

Once a critical dimension with respect to grain or geometrical size for a metal was reached, 

the deformation and fracture behaviors began to deviate from traditional theories and 

predictions. Recent research has focused on one-dimensional (1D) nanomaterials produced 

from their bulk counterparts to probe corresponding mechanical behaviors. However, this 

could alter the intrinsic material properties due to modifications caused by the 

milling/machining process. In this thesis, metal nanowires/fibers produced by an 

alternative process, and samples with controlled defect density, were used to gain a 

fundamental understanding of the critical dimension effects and small-scale mechanical 

behavior of metals. Another important aspect of this thesis is the development of a state-

of-the-art nanomechanical characterization technique in the transmission electron 

microscope, where a detailed structure-property relationship could be reliably established 

with unprecedented resolutions.  

In the first part, single crystalline silver fibers were grown with dimensions varying 

from 2µm down to 400 nm and investigated using an advanced in-situ method. A critical 



dimension was observed near 1µm, below which the yield stress began to increase and the 

number of deformation slip bands began to decrease. Secondly, single crystal Mo-alloy 

fibers produced by a similar technique were pre-strained to introduce pre-existing 

dislocations and simulate bulk characteristics. In-situ tensile test showed the pre-straining 

effect on the yield stress, and the existence of a negative strain rate sensitivity. Next, 

pristine Mo-alloy fibers were irradiated with He and Ar ions to test the effects of irradiation 

induced defects on their mechanical behaviors at this length scale. A clear size effect was 

observed depending on the damage produced by the irradiation. Finally, a detailed 

description of an in-situ quantitative TEM stage based on a MEMS device and its 

successful applications are presented. This set-up was designed and built to compliment 

the in-situ SEM test by offering high resolution observations of the microstructural 

evolution under testing conditions and providing additional insights to the important 

structure-property relationship. 
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Chapter 1 

Chapter 1. Introduction to Fracture 
Deformation 

Since the dawn of the industrial revolution the field of metallurgy has become of 

great importance to all of engineering and the sciences. Steel was and in many cases still 

is the driving force for our modern society in many aspects. The utilization of iron in its 

various forms opened a new horizon when it came to structural and practical applications. 

The time following the industrial revolution to the present day has we have been able to 

reach new heights in the form of skyscrapers, and airplanes to daily modes of transportation 

with the invention of cars and boats. We have reached across the oceans at pace setting 

records and even propelled ourselves into orbit and new celestial worlds. Our modern 

civilization and the minds that comprise it are truly a force to be reckoned with. Engineers 

and scientist of today have daunting tasks of making better the inventions of the past, along 

with coming up with  new  inventions  that  can  lead  us  into  the  next  “industrial  revolution”.  

As we look back on the past and what our engineering forefathers discovered and figured 
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out, let us not be caught up in their time but use that as motivation for future work. So that 

as the next generation of engineers and scientists look back at our work, they too will be 

amazed at what we were able to accomplish and what a great time for science we are living 

in.  

This thesis will cover the investigation of metals for structural and energy 

applications. Current work will be introduced by taking step back and reviewing the 

research performed in the past that has set the stage for the research we are performing in 

our current time. Then the main focus will be introduced in detail.  By taking metals grown 

by a method that produces very little intrinsic defect, it is possible to relate the properties 

observed at the macro scale to what is now seen at the nanoscale. So much current work 

has been a race to see who can get smaller faster sometimes at a loss of total understanding 

for the mechanisms seen. Therefore, I have tested materials that exhibit behavior similar to 

the bulk scale but with much more focus on one part of a bulk metal. This allows us to start 

bridging the gap between bulk material behavior and nanoscale behavior. Metallurgical 

Engineering laid the foundation for Materials Science and Engineering. As our civilization 

began to explore new materials, such as polymers and biomaterials, we realized that the 

techniques, physics and mathematics for testing and providing models, did not fully predict 

or characterize what we saw in new materials. As the current wave of research focuses on 

nano and length scale dependent behavior, a new door of opportunity has opened up and 

we in a race to extend our classical understanding into the new areas of Materials Science 

and Engineering.  
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1.1. Background on Fracture Behavior 

Metallurgist and physicist such as Cottrell, Griffith, Hall and Petch put their 

creative minds to work to understand the deformation and failure of materials. Griffith 

landmark work in 1921 lead to the understanding that the weakest link in a material has a 

relationship to that materials ability to withstand failure1. Through this work theories have 

been developed that have shown to hold true even in single and double carbon atom thick 

sheets known as graphene2. The concept and now fundamental principle of all materials 

known  as  fracture  toughness  was  derived  from  Griffith’s  work.  All  materials  contain  a  flaw  

and bulk materials contain numerous flaws of varying degree. These flaws take the shape 

of cracks, lattice plane shifting and mismatches, and grain boundaries. By looking at the 

cracks specifically, one can assume that they are the weakest link because the zone in and 

around the tip of the crack is already under some form of tensile and compressive stress. 

This is the only stress that is required to be overcome in order to accomplish catastrophic 

failure of the material. The other mentioned forms of flaws all contain different forms of 

stresses in and around them but a crack does not contain the surface energy as an added 

resistance to failure.  

As manufacturing and quality assurance processes became more advanced, the 

probability of a metal or material containing pre-cracks or similar macroscale flaws 

decreased. However, there are still intrinsic defects in the systems that need to be explored 

in order to gain further understanding of the deformation and failure process. The next 

larger and more pronounced feature of metals, and other forms of materials that do not 

remain amorphous and crystallize, is a grain boundary. There are two forms of crystalline 

materials: Single crystals maintain a uniform crystallinity, or crystallographic orientation, 
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throughout the entire volume of the material, and polycrystals which have multiple 

crystallographic orientations growing and meeting up at a grain boundary where the two 

orientations have a mismatch that forms a defined boundary between the two3. Because of 

the presence of these grain boundaries the material is inherently weakened. This 

weakening, though, is on a much smaller scale than the cracks discussed before. The 

interactions of grain boundaries and the forces at play are much more complicated. Grain 

boundaries play a supporting role in the process of deformation leading to failure, but at 

the   macroscale   this   is   the   “weakest”   link when a crack is not present. Two English 

researchers E.O. Hall and N.J. Petch were each working on the deformation behavior of 

metals   in   the  late  1940’s  and  wrote  independent  papers  in  1951  and  1953,  respectively.  

Their findings were nearly identical, in that they were able to show that by decreasing the 

grain size of a metal the yield strength increased4,5. This later became known as grain 

boundary strengthening and has been observed in different metals not just steel. Figure 1-

1 demonstrates a Hall-Petch Plot of various metals. The mechanism for this grain boundary 

strengthening was not fully understood and came into question immediately after the 

publication of these two papers.  
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Figure 1-1 Hall-Petch style plot for various metals, demonstrating the 
dependence of yield and fracture stress on grain size (Adapted from Meyers and 
Chawla, 2009). 

Hall and Petch presented the argument that revolved around the generation of 

dislocations within a grain4,5. Dislocations are defined as a crystallographic defect within 

a crystal structure and can be generated by forms of lattice mismatch such as a grain 

boundary, or lattice discontinuities that are observed at a material surface. These two forms 

of dislocation sources can also act in the opposite form and be sinks for dislocations. A 

third form of dislocation generation is when a lattice plane is shifted within a grain or the 

volume of a crystal. This type of dislocation is described as being mobile or pinned; If it is 

pinned it can be a source and generate more dislocations6 in what is known as a Frank-
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Read source. It is these types of dislocation that Hall and Petch described in their work as 

playing the major role in the deformation and plasticity of a crystal. Hall and Petch describe 

the pile-up of dislocations on the grain boundary and when enough stress is generated the 

dislocation will jump to the next grain7. While this theory was valid it did not account for 

why dislocations were able to jump from one grain to another and was further investigated 

by  Cottrell   and  Li   in  1958  and  1963,   respectively.  Cottrell’s   theory  suggested   that  as  a  

dislocation source within a grain was activated; an avalanche of dislocations would then 

proceed causing a pile-up at that grain boundary8. As the stress concentration at the grain 

boundary increased the adjacent grain would feel the effects of the stress until the stress 

reached the yielding value for the next dislocation and that dislocation would activated, 

and this process would continue until the load was removed or total material failure8 would 

occur. Refining this theory further, Li in 1963 explained that the stress concentration at the 

grain boundary caused by dislocation pile-up would generate dislocations from the grain 

boundary7. Figure 1-2 below illustrates the two theories presented by Cottrell(a) and Li(b). 
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Figure 1-2 Illustrates the theories presented by a) Cottrell and b) Li for how 
dislocations interact with grain boundaries to facility plasticity. 

Therefore, we can see that there are multiple ways to explain plasticity and the deformation 

process in polycrystalline macroscale materials, and while none of these can be specifically 

ruled out they can be happening in series or parallel depending on the material system, the 

crystallographic orientation, and the type of load being applied.  

From the experimentation and understandings of classic metallurgy, how a metal 

deforms is very interesting and complicated at the same time. The goal of research, though, 

is always to make things better, stronger, and last longer. As we can see, polycrystalline 

materials have a limiting factor in their grain boundaries and multiple dislocation sources. 

In order to further engineer stronger materials we need to minimize the grain boundaries, 

as Hall and Petch explained, and move to single crystal materials. From this point on we 

will focus on metals, as they are the primary focus of this thesis and the explanation/theory 
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presented here on out. Metals can be grown in single crystal forms using very meticulous 

and time consuming techniques. A lot of work has focused on getting grains so small that 

the crystal structure exhibits properties theorized in single crystal materials. Examples of 

some techniques used are annealing with rapid quenching and cryogenic applications with 

mechanical forces to reduce grain size. However, there is a limit in macroscale metals 

because there may always be intrinsic defects and grain boundaries no matter what 

processing techniques you use. Another method for making single crystal metals is to 

produce smaller samples. In figure 1-3 I illustrate that the probability of finding a defect in 

a smaller sample volume is reduced. The larger macroscale sample is referred to as the bulk 

sample. 

 

Figure 1-3 Illustrates how taking smaller volume from a bulk sample can lead 
to a defect free sample. 
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A standard method of testing the materials of these smaller samples taken from a 

bulk material is to produce them in the form of wires, whiskers, or other cylindrical shapes. 

This allows for simpler stress state determination and the use traditional techniques such 

as: indentation and tensile tests. Hall and Petch, Cottrell, and Li helped inspire many future 

researchers by using  the  smaller  samples  and  more  “pristine”  nature  of   these single and 

relatively defect free crystals to advance the deformation and fracture behavior. S. Brenner, 

H. Suzuki, and M. Shetty were investigating the deformation process9 and failure criteria 

of thin metallic whisker single crystals of copper10,11,12 and silver11. Here, again, we have 

researchers trying to describe a mechanism for the observed results from their experiments. 

They observed increase in yield strength from the larger specimens, by almost a factor of 

10, but now the observation of Luders bands or more commonly known as slip bands were 

observed10,11. These observed Luders bands are steps along the surface of the crystal where 

permanent crystal deformation is seen. All crystals are organized by planes of atoms and 

with each given crystal system there is a family of planes that experience the highest 

amount of shear stress under a given load. This plane is characterized by a factor known as 

the Schmid factor and can be calculated by the following equation. 

𝜏 = 𝜎𝑐𝑜𝑠Φ𝑐𝑜𝑠Λ 

Equation 1-1 Shear stress on a plane 

Where  τ  is  the  shear  stress,  φ  is  the  angle between the loading axis and the normal 

of  the  plane,  λ  is  the  angle  between  the  loading  axis  and  the  plane,  and  σ  is  the  applied  

stress   in   the   loading   axis.   The   Schmid   factor   is   represented   by   the   cosφcosλ   and   is  
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considered to be highest when the angles are 45° which would correspond to a Schmid 

factor of 0.5. Figure 1-4 is an illustration of the angles described in the equation above.  

 

Figure 1-4 Illustration of the angles used to determine the Schmid factor in 
equation (1-1) 

The plane with the highest Schmid factor corresponds to the plane most likely to 

facility dislocation propagation along that plane. In single crystal metals it is easier for a 

dislocation to nucleate at the surface of the whisker, because the surface is not atomically 

smooth and may contain intrinsic steps. This dislocation will propagate down the plane 

until it reaches the opposite side where a step is then formed and the visual effect of plastic 
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deformation is present. This step will continue to shear across the sample until the material 

fails or the applied load is removed. But the specimen will not return to its original state.  

The whiskers tested by Suzuki, Brenner, and Shetty were on the order of 2 – 20 

µm9. At this scale there still remains the probability of encountering an internal defect or 

dislocation. If a surface generated dislocation encounters an internal defect it will then 

jump to an adjacent slip plane and continue to propagate until it reaches the opposing 

surface an is annihilated10,11 Many times the dislocations present are competing with the 

surface generation of dislocation. 

1.2. Background on Size Effects 

This competition between surface generated dislocations and the stress required to 

activate internal dislocations is one that is present at the smallest of length scale. At this 

point we are considering samples of wire geometry with diameters less than 1 µm. The 

Hall-Petch theory is valid when a material behaves or is a bulk-like material. That is when 

the material is polycrystalline and has numerous internal defects. Within recent times, with 

the invention and widespread implementation of electron microscopes, to visualize 

samples that are smaller than the wavelength of light and thus cannot be seen using 

traditional microscopy techniques, material scientists have been able to synthesize and 

characterize nanoscale materials. At this small scale materials can be extremely pristine 

and contain little to no internal defects. The surface is also nearly atomically smooth and it 

is no longer easy to nucleate new dislocations to cause the onset of plasticity. Because of 

these characteristics we have seen examples of metals being mechanically tested and their 

yield strength being equivalent to the theoretical yield strength. Figure 1-5 shows as the 
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length scale changes and the number of internal dislocations decreases the theoretical 

strength is reached because the stress required to nucleate a new dislocation is much greater 

than that stress required to activate an already present dislocation13. 

 

Figure 1-5 The tranition from Hall-Petch (spatial) trends to the thermal 
dislocation nucleation trends observed in nanoscale materials (Figure 
adapted from Li et al., 2012) 

Figure 1-5  is  plotted  as  the  theoretical  shear  strength  (τstrength)  divided  by  the  shear  

modulus  (G)  in  the  y-axis  and  the  stressed  volume  multiplied  by  the  dislocation  density  (ρ̝)  

and one over the Schmid factor in the x-axis. The Schmid factor is used because, as 

described before, if there are numerous dislocation present within the stressed volume those 

with the highest Schmid factor will be activated first.  

Given this new knowledge and understanding at the nanoscale, the race has been 

on to achieve theoretical  strength  in  numerous  metals.  One  method  to  observe  this  “size  

effect”   is   to  mill  out  pillars   from  a  bulk  specimen  using  a   focused   ion  beam  (FIB)  and  
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compress them with a nano-indenter. Uchic et al., (2004) help spark a new thrust and 

interest in this area when they were able to show a size effect in FIB milled pillars of Ni14. 

Figure 1-6 is an example of the results obtained by Uchic et al., showing the deformation 

of a FIB milled pillar after undergoing compressive loading. 

 

Figure 1-6(a) Engineering stress-strain plot of varying diameter Ni pillars 
showing a size-effect. (b) Ni pillar compressed to 4% strain, and (c) Ni pillar 
compressed to 14% strain (Figure adapted from Uchic et al., 2004) 

This method is novel and very effective to allow for high throughput of samples, 

but can be quite dirty in the sample preparation. The Ga+ ion used in the milling process 

can cause surface hardening and ion implantation to occur. Bei et al., (2007) showed that 

this can lead to the measurement of the non-intrinsic properties15. In order to measure the 

intrinsic mechanical properties of metals Bei et al., (2005) developed a Mo-alloy fiber of 

controllable diameter (~300 nm) that directionally solidifies within a NiAl matrix16. The 
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matrix can then be selectively etched away leaving the exposed fiber for further processing 

or direct mechanical testing by nano-indentation17. The nano-indentation performed by Bei 

et al., in 2008 was similar to that performed by Uchic and others but all the samples tested 

exhibited theoretical strength of ~9 GPa17. When the material failed it failed by shearing 

along a plane in one catastrophic collapse (the test were performed under 

compression)Error! Reference source not found.. At this stress dislocations are 

nucleated at the surface and avalanche across the slip plane of the fiber. The theoretical 

strength was also achieved using this same system by performing tensile tests18. However, 

the data in these experiments was more scattered because the stressed volume was 

significantly larger than the samples tested in compression17. Once again this gives further 

foundation to the analysis performed by Li et al., by showing that as the stressed volume 

increase the probability of finding an internal dislocation increases, and this would keep 

the fiber from achieving its theoretical strength13. But even the smallest samples are not 

immune to internal defects, and in some cases there a few dislocations present in the 

sample. The Mo-alloy nanofibers grown by Bei et al., were very pristine but if a long fiber 

was imaged by TEM a single dislocation could be found approximately every 35 µm19.  

Another way of observing this size effect without increasing the stressed volume is 

by introducing defects into the metal and maintaining a standard stressed volume. Before 

etching the Mo-alloy fiber out of the NiAl matrix, it is possible to compress the entire 

system and introduce dislocations into the fibers before testing. This is known as pre-

straining a sample and is quite useful for probing the size effects even at the nanoscale. 

When this was performed on the Mo-alloy fibers they exhibited a size effect until the yield 

strength was able to plateau at a value that resembled the bulk value. Figure 1-7 below is 
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taken from their respective papers showing the size effect in both (a) compression17 and 

(b) tension18.  

 

Figure 1-7 Controlled size effect observed at the nanoscale, (a) compression 
(figure adapted from Bei et al., 2008) and (b) tension (figure adapted from 
Johanns et al., 2012) 

Small scale plasticity and deformation behavior is governed by the existence and 

generation of dislocations within an ever confining geometry. It was discussed earlier how 

bulk and polycrystalline materials exhibit dislocation motion and pile-up that results in 

deformation and yielding. However, in confined geometry of single crystal one 

dimensional systems the large surface to volume ratio not only provides a nucleation sight 

for dislocations but also a sink for pre-existing dislocations. One example comes from 

Chisholm et al.,(2012) where in-situ transmission electron microscope (TEM) tensile test 

were performed on pre-strained samples to observe the dislocation motion during the test20. 
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They observed that he pre-existing dislocations on a 9% pre-strain Mo-alloy nanofiber 

disappeared, meaning they were annihilated at the surface, which caused the sample to 

undergo strain hardening. Figure 1-8 gives an example of a nanofiber sample exhausting 

the pre-exhisting dislocations leading to a pristine dislocation free fiber. 

 

Figure 1-8(a) Dislocation starvation being observed in a 9% pre-strained Mo-
alloy nanofiber with the coressponding stress-strain curve (b). (figure 
adapted from Chishom et al., (2012)) 

Dislocation starvation is an attribute of producing small-scale samples with 

relatively low dislocation density. Cheng et al., also hypothesized dislocation starvation in 

single crystal Cu nanowires depending on the diameter of the wire21. It was demonstrated 

that a critical dimension existed at around 300nm above which plastic deformation was 

more pronounced and under 300nm brittle failure was observed. Dislocation starvation and 

hardening leads to brittle like failure in one dimensional materials because the large aspect 

ratio discussed before. However, even within this, pre-existing dislocations are a major 

factor within the sample geometry and can still facilitate plastic deformation and keep the 

sample from achieving the theoretical strength.  
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It is with the previously mentioned Mo-alloy system and an Ag fiber system that is 

the focus of this thesis. By controlling the types of defects and the strain rate I was able to 

explore the effects on the mechanical properties. But before the discussion of the 

experiments performed, it is important to review the history and development of 

mechanical property measurement and probing at the nanoscale. 

1.3. Background on Small Scale Testing 

As was stated earlier, the implementation of the electron microscope in research 

labs and universities helped usher in a new thrust into the fundamental study of the 

mechanical properties of nanomaterials22. The length scale that could now be tested is 

approaching that which was explored by theoreticians. Being able to synthesize and 

characterize nanomaterials, also allowed for their implementation in consumer electronics. 

Today’s  car  airbags  are  deployed  by  micro-electrical mechanical devices (MEMS) with 

features near 100 nms. The TEM and scanning electron microscope (SEM) provided the 

resolutions to resolve these features and also search for defects and crystallographic 

information. Couple these imaging techniques with atomic force microscopy23 (AFM), 

nano-indentation14, and MEMS24,25 devices and you have the ability to probe, by in-situ 

methods, nearly all mechanical aspects of the materials system you are interested in26.  

In-situ techniques are excellent tools for performing mechanical test and the most 

popular today is in-situ tensile test27 by MEMS28 devices and those coupled with a nano-

indenter29,30,21,31. These tests are versatile and can provide a great deal of information for a 

given material. However, as with any techniques there are accompanying drawbacks that 

can lead to measurement error. Depending on the batch there may be difference in the 
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manufacturing process, which gives inconsistent results. Manipulating the sample to the 

testing platform can result in damaged or broken samples before getting to the electron 

microscope. One big issue that I encountered in my sample preparation and testing, 

involves securing the material to the testing stage. Improper clamping can lead to improper 

strain measurements and/or sample de-bonding before the test is completed. Finally, in-

order to perform a purely 1-dimensional tensile test requires the sample to be aligned 

properly and any offset greater than 10° can lead to large discrepancies in the measured 

force and displacement values24. Therefore, great care has to be taken when preparing 

samples for testing to ensure reproducible and accurate results. It is understood, to some 

degree, that accurate strain values are difficult to obtain from MEMS based mechanical 

tests and this means that the only parameter that can be measured with accuracy is the yield 

or  breaking  stress  of  the  material.  Properties  such  as  Young’s  modulus and ductility are 

difficult to measure accurately and are typically not reported. 

1.4. Micro-Mechanical Device Used for In-Situ 1D Tensile Tests 

I have introduced various types of MEMS and mechanical testing systems. 

However, our group has relied on one proven method to obtain the quantitative mechanical 

properties of materials. An Agilent G200 in-SEM nano-indenter is fed through a port on 

the side of the SEM and sits at a 4° angle from the base of the SEM. This nano-indenter is 

capable of measuring load and displacement during a test, in load or displacement control 

settings and can perform various types of test such as: traditional nano-indentation, pillar 

compression, device actuation, and cantilever beam indentation. The displacement 

resolution of the nano-indenter, and the typical operating condition, is 20 nm/s and can be 
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as high as 300 nm/s. Cyclic loading and unloading can also be performed, along with 

dynamic testing.   Making this a very versatile system to test many different kinds of 

samples. In order to probe the one dimensional tensile strength and yield properties of 

nanowires a device had to be designed to work with the quantitative nano-indenter. An 

SEM image of the device with the labeled parts is shown in figure 1-9. 

 

Figure 1-9 SEM image of the group device and nano-indenter system used for 
in-situ tensile test ( figure adapted from Ganesan et al., 2010) 

This device operates on a “push-to-pull” principle. Once the nano-indenter makes 

contact with the top shuttle, it begins apply a load at the set displacement or load rate. As 

the top shuttle is being pushed, the inclined beams will compress and pull the two center 

shuttles apart until the sample is broken or the test is aborted. The devices come in two 

thicknesses: 6 µm with a stiffness of ~160 N/m and 9 µm with a stiffness of ~190 N/m. 
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Depending on the sample tested and its stiffness the proper device can be selected. If a 

sample has a stiffness less than 190 N/m but greater than 160 N/m, a 6 µm device is 

required because the load felt by the sample will not be recorded using a 9 µm. With that 

in mind, any sample that has a stiffness of 160 N/m or less cannot be tested because the 

device is not sensitive enough. A sample has to be stiffer than the device because the 

method used to calculate the applied load on the sample is based on a load subtraction 

method. Figure 1-10 illustrates the process used to acquire data from a single test. 

 

Figure 1-10 Data acquisition procedure from a single tensile test 

From figure 1-10 we can see that during a single test two curves will be obtained. 

The first curve, with the larger slope K1, is the combined load on the device and the sample. 

Once the sample breaks and the device is free to move and its stiffness value reaches the 

slope of K2. To obtain the load applied on the sample, the load added on by the resistance 
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of the device must be subtracted (P1 – P2). However, that load is in the Y-axis where the 

load that is needed is along the X-axis, so it must be translated. This is because if a sample 

is strong and requires a large force to break, the inclined beams will flex and absorb some 

of the load and this is what needs to be accounted for in the Cd value. By dividing the Y-

axis displacement (this is measured by the indenter) with the Cd the load felt by the sample 

along the X-axis can be obtained.  The Cd is a device specific value and two different 

devices have been made: one with 60° and another with 45° inclined beams. Figure 1-11 

shows how the sample stiffness affects the Cd value of the device. For 45° devices the Cd 

value is considered constant at 0.975, but for 60° devices the Cd varies depending on the 

sample stiffness. 
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Figure 1-11 45° and 60° device calibration values for Cd based on sample 
stiffness 

Once the load difference is divided by the Cd value the true load on the sample is 

known. This load can then be divided by the initial cross sectional area to obtain 

engineering stress. Strain on the other hand, is a little bit more difficult to obtain. Samples 

are typically clamped using either epoxy or Pt welds deposited by ion beam induced 

deposition.  Epoxy  is  only  good  to  clamp  “weak”  samples  because  stronger  samples  have  

been known to pull out of the epoxy before the sample breaks. Because the epoxy is a 

weaker clamping agent it is also inherently more compliant, which means that slipping of 

the sample is more likely to occur and does occur. For stronger samples Pt welds are better 
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suited for clamping. However, even though the Pt welds are less compliant there is still 

slipping that occurs. In order to obtain the most accurate strain values, a digital image 

correlation software is used32. During all in-situ SEM test a video is captured, as well as, a 

series of still images. By taking the still images and running them through the Matlab 

software compiled by Eberl et al., (2010) more accurate strain values are calculated. This 

program works best when there are two features to focus on and measure the distance 

between them for the duration of the test. I have had success using this technique for all Pt 

welded samples, epoxy clamped samples are more difficult only in determining the 

clamping point and proper sample gauge length. Using these techniques I was able to test 

numerous samples to generate statistically significant data and perform in-situ experiments 

on one dimensional nanomaterials.   

Therefore, this thesis presents the results of three projects centered on exploring 

(maintaining a constant stressed volume) the effects of various types of defects and defect 

densities on the yield and fracture of Ag and Mo nanofibers. Both metals nanofibers are 

grown using the directional solidification technique described earlier, to produce pristine 

samples free of FIB modified surfaces. Ag fibers were grown in a Bi matrix and selectively 

etched out to produce pristine fibers of varying diameter, 400 nm – 2000nm. This diameter 

range bridges the gap between recent studies performed on sub 400nm Ag nanowires and 

micron  size  whiskers  from  the  1950’s.  I  was  able  to  observe  a  transition  point  from  which  

the yield strength begins to increase from the bulk to match the yield strength observed in 

the sub 400nm samples. However, the Ag fibers deform similar to the micron size whiskers 

with less slip plane activation as the diameter decreases. This experimentally proves that 

as the stressed volume of a single crystal decreases there are less internal defects that would 
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inhibit the internal glide of dislocations across the diameter. The following chapter will 

look at the effects of pre-straining on the Mo-alloy nanofibers yield strength and if there is 

a strain-rate sensitivity of this system. The observed effect on yield strength correlates well 

with previously published data on this system, and a negative strain-rate sensitivity was 

observed. Negative strain-rate sensitivity is quite uncommon for metals apart from certain 

cases with the existence of solutes to fall into the criteria of the Dynamic Strain Aging 

criterion. Finally, the same Mo-alloy nanofibers were exposed to a nuclear source to 

bombard them with Ar+ and He+ ions to produce different types of defects than what is 

caused by pre-straining. A similar trend was observed when the yield strength is compared 

to the damage level. We see the approach of the yield strength back to the bulk much like 

in the pre-straining, which shows that regardless of the defect we see the same trend. This 

thesis will also include the design drawings for an in-situ TEM stage and MEMS stage to 

perform qualitative and quantitative tensile test to compliment the in-situ SEM test 

performed in our group. This allows for a much higher resolution of the deformation and 

the ability to provide a much more concrete explanation for what is causing the failure of 

various materials.  
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Chapter 2 

Chapter 2. In-situ Tensile Tests of 
Single Crystal Silver Fibers 

Since the advent of the electron microscopy researchers have been trying to push 

the limits of studying nanowires. Being able to produce and mechanically test nanowires 

is of great importance for understanding deformation and failure mechanism14,33-36 for 

future applications. With that research, came the realization that the rules of plasticity and 

deformation deviate from the norm when the sizes reach a lower limit4,5,14,33-36. Early 

studies in the mechanical properties of micro-whiskers9-12,37 for FCC and BCC materials 

showed interesting results in their deformation and failure. Brenner, Suzuki, and Shetty 

describe the deformation of micro-whiskers as being propagated by Luders band formation 

caused by dislocation activation and subsequent cross slip4,5,10,11. Cross slip which is 

facilitated by internal defects that inhibit dislocation glide along a single plane4,5,10. Newer 

work has focused on mechanical tests of nano-scale materials14,30,33-37,40. However, there is 

a gap in understanding between the micro and nano deformation and failure of 

nanomaterials. This work explores the intermediate regime between the micro and nano 

scale and provide evidence for a critical dimension present in silver fibers for an increase 

in strength and change in the deformation and failure mechanism. 
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Nanomaterials are easily synthesized using traditional techniques such as: FIB 

fabrication14,40 of micro and nano pillars, hydrothermal synthesis36,39, and physical vapor 

deposition34.  While these are excellent methods in producing various nanomaterials, they 

have inherent flaws that make for the slightly less than ideal materials for testing. FIB 

milling of pillars can lead to surface hardening and embrittlement15. Directional 

solidification of metallic fibers has proven to be a viable technique to produce relatively 

pristine, defect free, samples with controllable dimensions16,17. This method was used to 

produce the fibers tested in this report. By growing Ag fibers that are without defects and 

large enough to test in a proven quantitative testing platform21,29,31,41,42 we are able to 

examine the intrinsic mechanical and deformation properties of these fibers based on size 

effects. 

Therefore, we report the in-situ SEM testing of <111> Ag fibers ranging in size 

from 2000 nm down to 478 nm. These fibers were grown by the directional solidification 

of Ag in a Bi/Ag eutectic alloy, producing fibers with lengths on the order of millimeters 

with varying diameters. A micro-mechanical testing device was used to perform 1D tensile 

tests in conjunction with a quantitative nano-indenter, to explore the mechanical properties 

of the pristine fibers. Our experiments show that under the critical dimension of ~1000nm 

the yield strength of the fibers increases to 700 MPa, and above 1000 nm the fibers maintain 

bulk strength of 80 MPa. Our results are also consistent with those observed by the nano-

indentation of nano-imprinted [100] Ag pillars performed by S. Buzzi et al35. The 

deformation process is consistent with the deformation process observed in micro size 

whiskers and shows that both FCC38 and BCC17 FIB free nanowires deform the same as 

whiskers. 
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2.1. Methods and Sample Preparation 

The nano/micro Ag fiber were produced by etching away the Bi matrix of a Bi-Ag 

in-situ composite grown by directional solidification, similar to the previous method to 

obtain the Mo alloy fiber16. A Bi-5 at. % Ag alloy was arc-melt and drop cast into water-

cooled copper to produces a 9 mm in diameter and 70 mm in length rod. The as-cast rod 

was directionally solidified in a Bridgeman-type furnace. A Ta crucible was used to avoid 

reaction between the melt and the crucible. Figure 2-1 (a) is SEM image showing a cross-

sectional microstructures of the as-grown Bi-Ag eutectics. Unlike NiAl-Mo which show 

regular fibrous eutectic structure, well-aligned fiber-like structures was not observed on 

the entire cross-section, because of the irregular nature of this eutectic.  However, some 

region does show fibrous eutectic microstructure with Ag fiber embedded in Bi matrix. We 

use 50 % HNO3 solution to preferentially etch away the Bi-matrix to expose the Ag fibers 

[Fig 2-1 (b)]. After being exposed to the etching solution for 5 minutes the disk was placed 

into DI water and sonicated in order to break the exposed fibers from the matrix. TEM 
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analysis was performed to determine the <111> growth direction and crystallinity of the 

fibers and is shown in figure 1(c).                                                                                                                 

 

Figure 2-1 (a) SEM image showing a cross-sectional microstructures of the as-
grown Bi-Ag eutectics.(b) SEM image of exposed Ag fibers. (c) TEM image of two 
nanowires with corresponding diffraction pattern showing a <111> growth 
direction. 

2.2. Experimental Results 

The fibers were dispersed on a Si wafer with a 10nm thick layer of Ti. Once 

dispersed, the fibers are able to be manipulated onto the mechanical device using a 

Micromanipulator probe station. A small drop of epoxy was used to secure the fiber to the 
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shuttles of the mechanical device, this allowed for secure transportation to the focused ion 

beam, as well as, a way of making sure the sample maintained proper alignment before 

being Pt welded to the device. All fibers were securely clamped to the device shuttles using 

ion beam induced deposition of Pt, in an FEI Strata 235 dual beam SEM. Once the sample 

was secured to the shuttle, each device was attached to an Aluminum SEM stub using 

crystalbond 555 and small amount of silver paint was applied in order to create a proper 

electron path. The final device, ready for testing, is shown in figure 2-2(a) below. All 

experiments were performed in-situ inside of a FEI Quanta 400 ESEM and utilizing an 

Agilent G200 InSEM nano-indenter. The nano-indenter operated under a displacement 

control setting using a displacement rate of 25 nm/s. Simultaneous video and images were 

captured during each test in order to capture the failure process and be able to perform 

proper strain measurements of each sample. 

 

Figure 2-2(a) SEM image experimental set up showing nano-indenter and 
micromechanical device. (b) Three types of loading responses: Type 1, linear 
elastic. Type 2, linear elastic with strain burst. Type 3, elasto-plastic. 
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At the conclusion of each test the stress vs. strain response was analyzed. Strain 

was measured using a digital image correlation technique32 instead of the displacement 

from the nano-indenter which can lead to large inaccuracies. Figure 2-2(b) shows the three 

types of stress vs. strain curves observed for the samples tested. A type 1 loading curve is 

characteristic of a linear-elastic type response with brittle fracture taking place, and was 

observed in both the larger diameter fibers (D>1000nm) and the smaller diameter fibers 

(D<1000). However, type one was more prevalent in the smaller diameter fibers. Type 2 

loading curve is consistent with a linear-elastic response with strain burst characterized by 

the formation of slip bands on the fracture surface. These strain burst were also observed 

in the both large and small diameter fibers, but with the larger fibers containing more strain 

burst than the smaller. Finally, type 3 loading curve is consistent with elasto-plastic loading 

response, and was only observed in one large and one small diameter fiber. No type of 

necking was observed on the fracture surface, and the plastic regime is a result of the 

shearing of two slip planes along the fracture surface. Figure 2-3 (a-b) are post-mortem 

SEM of a 2000 nm fiber and a 556 nm fiber. 
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Figure 2-3 Post-mortem SEM images of (a) 2000 nm and (b) 556 nm fibers. 

2.3. Discussion of Results 

From these images we can see a difference in the fracture surface, primarily in the 

number of slip bands visible along the fracture surface. With the larger fiber containing 

much more visible slip bands that were activated along the fracture surface. The measured 

angle of the fracture surface is 45°, and this corresponds to the <110> slip system. An 

important note to mention is the existence of a Pt sheath on the larger diameter fiber. This 

Pt sheath was a side effect of ion beam induced Pt deposition for sample clamping. No 

visible change was observed on the loading curve when the Pt sheath was fractured and 

therefore, was not considered to affect the mechanical properties of the fibers. Results of 

all the tests performed have been plotted in figure 4(a) and the critical dimension of 1000 

nm is seen as the slope begins to change and the yield stress begins to increase. If the data 

is plotted, in figure 2-4(b), with along with two other works9,35 that measured the yield 

stress of Ag fibers in 1D tensile test, it is clear that our data fills the gap between the 
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micro/nano yield stress and showcases the critical dimension where the size begins to 

dictate the strength of the material. One sample at 550 nm demonstrated a very high yield 

stress, much higher than the work reported for tensile test of even smaller diameter 

samples36.  

 

Figure 2-4 (a) Plot of yield stress vs. diameter of Ag Fibers, (b) the results of 
this work plotted with two previous Ag fiber tensile tests showing the rise in 
strength at 1000 nm diameter. 

The work performed by Y. Zhu et al., using Ag silver nanowires is based on penta-

twinned nanowires36. Our nanowires did not exhibit any twinned nature from our initial 

TEM diffraction analysis. This is an example the stochastic nature of mechanical tests at 

this small scale19. However, these penta-twinned nanowires shows the yield strength and 

yielding strength trend associated with nanoscale materials exhibiting a size effect. The 

bulk   samples   (blue   triangles)   were   taken   from   Brenner’s   silver   whisker work11. Our 

samples exhibited whisker like and bulk behavior until the critical dimension is reached 
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after which the strength and yield strength trend behave as a nanomaterial but still 

maintaining the deformation properties of whiskers.  

Strength in whisker-like materials is governed by the glide of dislocations along a 

given slip system9-12,35,39. For pristine, non-FIB, fibers dislocations are generated at the 

surface and move along the slip system with the highest schmid factor. In FCC materials 

that system is the <110> which corresponds to the 45° angle of the fracture surface and is 

observed in our samples. Dislocations generated at the surface of the fibers propagate 

through the active volume until fracture occurs or some obstacle is encountered. In micro 

size samples there is a higher possibility of encountering a point defect or an internal 

dislocation on a lower schmid factor system. This would cause a stress concentration that 

would lead to cross-slip between planes10,11. This is evident in the larger fibers; in figure 

2-3(a) a large number planes have been displaced in a progressive motion consistent with 

the cross-slip and dislocation jump. In the smaller fibers, figure 2-3(b), the evidence of 

cross-slip is less pronounced and is consistent less defects present in the active 

volumee.g.,14,19.  

2.4. Conclusion 

In, summary we have demonstrated the whisker-like behavior of single crystal 

<111> Ag fibers and have resolved a critical dimension of 1000 nm for size effects to 

dominate the deformation and yield stress. By utilizing a nano-indenter with a novel micro-

mechanical device we were able to perform in-situ experiments that allowed for a better 

understanding of the deformation and failure behavior. Fibers larger than 1000 nm 

exhibited a bulk type strength observed in whisker studies of larger samples10,11, with 
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multiple slip band activation as a result of cross-slip by dislocations. For fibers smaller than 

1000 nm a gradual increase in strength was observed as the diameter decreased. These 

smaller samples had a cleaner fracture surface with fewer if only one slip band activated. 

This change could be attributed to higher probability of defects present in a larger active 

volume19 that can cause a stress concentration and cross slip by dislocations. 
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Chapter 3 

Chapter 3. Yield Strength Dependence 
on Strain Rate of Molybdenum-Alloy 

Nanofibers 

The “smaller is stronger” phenomenon arises from observations that nanoscale 

materials can have anomalously high strength14,43. More recently, an understanding of the 

underlying mechanism has emerged44,45. The dislocations present in the material before 

testing, as well as those generated during the mechanical testing process, can be annihilated 

by the large amount of free surface present in these samples44. The stresses required to 

change the configuration of small numbers of dislocations or to nucleate new dislocations 

are larger than those for continuum slip that involves a huge number of dislocations. In 

addition, the stressed volumes in different specimens may sample different numbers of 

dislocations or various dislocation configurations. A commonly observed phenomenon at 

macroscopic scales is the rate dependence of yield strength, with origins closely related to 

forest dislocation hardening, diffusion of solute atoms near dislocations, or other thermally 

activated dislocation-related mechanisms. Clearly, when specimen size decreases, the 

discrete nature and stochastic behavior of dislocation plasticity, is anticipated to emerge, 
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with a complex convolution of size-dependent strength, spatial statistics, and strain rate 

sensitivity.  

Ever since the industrial revolution, when iron began to be widely used in many 

structural applications, the study of mechanical behavior of body centered cubic  materials 

has been an important topic in metallurgy11,12. The idea that impurities in metals play an 

important role in their mechanical behaviors has been a central topic of continuous 

research. In 1959, Schoeck and Seeger began to study the effects of solute atoms present 

in iron to understand their flow stress characteristics52. It was later determined that those 

impurity atoms played a unique role in the flow stress of both face centered cubic and BCC 

systems53,54. FCC aluminum and BCC niobium demonstrated negative strain rate 

sensitivity54, which was attributed to the dynamic strain aging (DSA) effect53-56. The 

dynamic strain aging process is thought to be caused by the diffusion of solute atoms to 

moving dislocations, which forms clusters that hinder dislocation slip56.  A lower strain 

rate provides more time for diffusion to proceed and consequently increase the drag force 

of the solute atoms on the moving dislocations, which increases the flow stress56. By 

achieving much smaller dimensions in the samples and much higher resolution in 

measurement techniques, it is now possible to explore this phenomenon at a more 

fundamental level to hopefully provide a better understanding for these solute-dislocation 

interactions. 

By utilizing nano-indentation and focused ion beam (FIB) millinge.g., 14,43-44, it is 

now  possible to explore size and rate dependence of plasticity in a wide variety of 

materials. Schneider et al.46 explored the strain rate sensitivity of Mo in various crystalline 

orientations. They were able to examine mechanical behaviors of FIB produced pure Mo 
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pillars using nano-compression with a nano-indenter46. These experiments showed that 

over a wide range of strain rates (10-6 s-1 to 10-2 s-1), <001> Mo exhibited increased strain 

rate sensitivity with size46. Here we report our rate-dependency investigation of Mo fibers 

that differ significantly from previous work in the following two respects. First, we use 

directionally solidified fibers that are free of FIB-induced damage47 that can cause surface 

hardening15,48-49. Second, we examine nanofibers under tensile loading conditions, which 

are an order of magnitude or more, longer than those used in compression tests. Thus the 

complex interactions between strain-rate sensitivity and spatial statistics of finding pre-

existing defects can be explored and quantitatively tuned by changing the pre-strain levels 

and sample lengths.  

In this work, we investigate the strain rate sensitivity of body centered cubic <100> 

Mo-alloy nanofibers with varying dislocation densities utilizing in-situ tensile tests in a 

SEM. By combining a quantitative in-SEM nanoindentere.g., 49, 50 and a micromechanical 

device21,29-31,42, with a sample preparation method that avoided surface modifications due 

to FIB milling47, the mechanical properties of Mo-alloy nanofibers with different initial 

dislocation densities were systematically investigated at different displacement rates. The 

average yield strength and its scatter were found to generally decrease with increasing pre-

strain level at all three displacement rates. Finally, the strain rate sensitivity was calculated, 

and a negative strain rate sensitivity was obtained for the displacement range tested. This 

opens up opportunities for modeling and simulation to investigate the origin of this 

negative strain rate sensitivity at nanoscales. 
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3.1. Methods and Sample Preparation 

Pristine, low defect density Mo-alloy nanofibers in a NiAl-Mo eutectic system16 were 

synthesized by directional solidification17. These nanofibers are relatively long with a 

chemical composition of 86Mo-10Al-4Ni (at.%) and are embedded in a 55Ni-45Al (at.%) 

matrix16. The directionally solidified NiAl/Mo composite was cut into small discs with a 

diameter of 6.5 mm and a thickness of 2 mm. These discs were subjected to a compressive 

pre-straining process that allows for the dislocation densities of the nanofibers to be tuned 

depending on the amount of the pre-strain17,19. The pre-strain levels that were chosen in 

this investigation were 0%, 4% and 16%. 

A clear advantage of the NiAl/Mo composite is that the nanofibers can be easily 

extracted from the NiAl matrix without inducing damage. NiAl can be etched away by an 

acidic solution whereas Mo can be etched in a basic solution; therefore selective etching is 

easily achievable. In our process, the NiAl matrix was etched away at a rate of 1 µm per 

minute using an 80H2O – 10HCl – 10H2O2 (vol. %) solution leaving behind exposed Mo-

alloy nanofibers. The fibers were then sonicated in order to break and separate them from 

the residual matrix and dispersed on a titanium-coated silicon wafer for subsequent 

manipulations onto a micro-mechanical testing platform21,29-31,46. Single crystal Mo-alloy 

nanofibers that were tested in this study all have a <100> growth direction as shown by the 

example in Figure 3-1a. The dislocation densities in these nanofibers at several different 

pre-strain levels were carefully measured by Phani et al.19 using STEM imaging 

techniques. 
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Figure 3-1(a) Dark field TEM image of Mo fiber showing <100> growth 
direction. (b) SEM image of in-situ set up. (c) SEM image of fractured Mo fiber, 
(d) Corresponding load-displacement curve of sample in (c). 

In each case, dislocation densities were measured over a large length of the 

nanofiber to get a good statistical representation of dislocation densities, and to check the 

uniformity of those densities throughout the length of the nanofiber. As-grown (or 0% pre-

strain) nanofibers contained, on average, one line defect per 37 µm of fiber length19. 4% 
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pre-strain fibers contained a dislocation density of approximately 1.8 – 8.2x1012 m-2, but 

the densities were not uniform along the fiber axis with areas of both low and high densities 

present19. Finally, 16% pre-strain fibers contained a uniform distribution of dislocations 

with densities of about 4.4x1013 m-2 19. Figure 3-2 below contains three TEM images of 

0%, 3.5% and 16% pre-strain showing the presence of pre-existing dislocations. 

 

Figure 3-2 TEM image Mo-alloy fiber at (a) 0% Pre-strain, (b) 3.5% Pre-strain, 
(c) 16% Pre-strain 

In-situ tensile tests were conducted in an FEI Quanta 400 FEG ESEM using an Agilent 

G200 InSEM Nano-indenter. The nano-indenter was used to record force/displacement 

data from the experiments and to actuate a micro-mechanical device15,47-50, shown in Figure 

3-1b, which was used to produce a uniaxial tensile force on the nanofiber samples. In order 

to mount the sample on the micro-mechanical device, a small amount of epoxy was placed 

on each shuttle and the dispersed nanofibers were manipulated into testing positions using 

an optical probe station (Micromanipulator Inc.). Once the nanofibers were placed on the 

device, they were transported to an FEI Strata 235 dual beam FIB where the nanofibers 

were welded in place with platinum deposited through ion beam induced deposition. Each  
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nanofiber/micro  device  assembly  was  mounted  on  an  SEM  stub  and  secured  with  silver  

epoxy.  Once  inside  the  FEI  Quanta  SEM  chamber,  a  series  of  images  was  taken  in  order  to  

measure  the  gauge  length  and  diameter  of  each  fiber.  The  gauge  length  varied  for  different  

samples   so   measurements   of   clamping   points   spacing   were   carried   out   for   each   fiber.  

Samples  from  each  of  the  three  pre-strain  levels  were  tested  at  three  displacement  rates:  20  

nm/s,  25  nm/s,  and  100  nm/s,  which  are  in  the  range  accessible  to  our  in-situ  set  up.  It  is  

recognized   that   in   order   to   further   this   study,   future   experiments   looking   into   a  much  

broader  range  of  displacement  rates  need  to  be  carried  out.   

3.2. Experimental Results 

The   mechanical   responses   of   the   Mo   alloy   nanofibers   tested   under   different  

displacement  rates  were  analyzed  for  each  of  the  three  pre-strain  levels.  A  representative  

SEM   image  of   a   nanofiber   fractured   under   tension   is   shown   in   Figure   3-1c.   Localized  

plastic   deformation   close   to   the   fracture   surfaces   is   clearly   observed;;   this   feature   was  

consistently  observed  in  many  of  our  tested  samples.  Most  samples  also  exhibited  load-

displacement  curves  that  are  typical  for  a  brittle  material  as  shown  in  Figure  3-1d.  Using  

the  measured  sample  dimensions,  corresponding  stress-strain  curves  could  be  determined.  

It  should  be  noted  that  evidence  of  plastic  deformation  has  been  seen  in  similar  nanofibers  

even  when,  macroscopically,  they  appear  to  fracture  in  a  brittle  manner.  Chisholm  et  al.20  

showed   that   dislocations   are   mobile   within   the   sample   volume   even   in   the   presumed  

“elastic”  loading  regime.  It  should  be  noted  that  in  our  stress  calculations  the  cross-section  

of  each  nanofiber  was  assumed  be  round.  The  actual  cross-section  shape  varied  from  fiber  

to  fiber:  in  some  instances  it  was  more  circular  while  in  others  it  had  a  more  square-like  
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shape  with  rounded  corners.  An  accurate  measurement  of  the  actual  cross-section  area  was  

very  challenging  in  our  testing  set  up.  Therefore,  the  measured  “diameter”  value  could  be  

the  diagonal  or  the  side  of  the  square  cross-section,  or  the  real  diameter  of  the  nanofiber  if  

it  was  actually  circular  as  assumed.  As  such,  the  actual  cross  sectional  area  may  be  off  by  

as  much  as  ±  20%,  and  this  could  lead  to  variations  in  the  reported  yield  strength  values30.  

Presumably,  however,  these  are  random  and  not  systematic  errors.  As  shown  in  Figure  3-

3,   it   is   clear   that,   as   the  pre-strain   level,   i.e.   the  dislocation  density,   increases,  both   the  

average  values  of  yield  strength  and  their  scatter  decrease. 
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Figure 3-3 Yield strength vs. pre-strain for (a) 20 nm/s, (b) 25 nm/s, (c) 100 
nm/s displacement rate. 
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Johanns  et  al.18  performed  uni-axial  tensile  experiments  on  similar  nanofibers  and  

reported  reduced  yield  strength  and  scatter  as  a  function  of  the  increasing  pre-strain  level.  

Our  experiments  show  this  trend  for  the  lower  displacement  rates  (20  nm/s  and  25  nm/s),  

which  is  more  comparable  to  their  displacement  rate.  This  result  is  also  consistent  with  the  

general  trend  reported  by  Bei  et  al.17  in  uni-axial  compression  tests  performed  on  Mo  alloy  

nanopillars. 

However, the above trend is not evident at the higher displacement rate of 100 nm/s 

as shown in Figure 3-3c. At this much higher displacement rate, the statistical differences 

in the yield stress for pre-strain levels of 0 and 4% are not as obvious as for samples tested 

at the two lower displacement rates described previously. Additionally, the scatter in the 

data for the 16% pre-strain specimens is lower at 100 nm/s than at the slower displacement 

rates. Therefore, displacement/strain rate plays an important role in the deformation 

behaviors of these Mo-alloy nanofibers.  

A minimum of four samples were tested for each pre-strain level at each of the three 

displacement rates. Our yield stress values correlate well with the experiments done on 

similar samples by Johanns et al.18 Results are shown to be stochastic; however, these 

experiments are stochastic in nature even when numerous samples are tested18. That is, the 

sample size is comparable to the feature sizes of dislocation microstructure, so that the 

deformation behavior is stochastic. It is the objective of our work to de-convolute the 

coupling of this stochastic behavior and strain rate sensitivity, with the aid of the statistic 

model presented later in this paper.  
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3.3. Discussion of Results 

It is interesting that increasing the pre-strain level (i.e., dislocation density) or the 

strain/displacement rate have similar effects on reducing the yield strength and its scatter. 

As the displacement rate is increased by a factor of five, the average yield strength of all 

the specimens approaches that of the 16% pre-strain sample, and even approaches the bulk 

value for samples with the highest pre-strain level tested (Fig. 3-3c)17,18. In order to 

understand this phenomenon of decreasing scatter as the pre-strain level is increased17,18, a 

statistical model can be adopted. The deformation of defect-free nanofibers is assumed to 

be governed by homogeneous nucleation of dislocations, so that the strength approaches 

the theoretical value  𝜎 . On the other hand, the yielding behavior may be governed by the 

activation of a pre-existing dislocation, in which case the critical resolved shear stress 𝜏  

provides a lower-limit bulk behavior13]. Phani et al.51 developed the statistical model 

considering a random spatial distribution and orientation of dislocations within the gauge 

length tested. If the gauge length did not have any pre-existing dislocations then the yield 

strength should approach the theoretical value because dislocations would have to be 

nucleated in order for yielding to occur. However, none of our samples had yield strengths 

approaching the theoretical value at any of the pre-strain levels; therefore, it is reasonable 

to believe that dislocations are present within the tested gauge lengths. The model uses a 

weakest-link approach, considering the relationship between a random Schmid factor (𝑠) 

and the yield strength, to determine the critical resolved shear stress (𝜏 ) or the bulk 

strength (𝜎 = 𝜏 /𝑠 ) given a gauge length 𝑙 and pre-existing dislocation 

density  𝜌 22.  𝑠  and 𝑠    represent the maximum and minimum Schmid factors which 
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are 0.5 and 0.0 respectively in our analysis. Figure 3-4 illustrates how the weakest link 

model and random Schmidt factor is portrayed in the nanofibers. 

 

Figure 3-4 Weakest link model illustrated for nanofibers (adapted from Phani 
et al) 

The model essentially provides a spatial sampling of the weakest defect that leads 

to the material yield, so the predicted scatter manifests the convolution of strength and 

spatial distribution of pre-existing defects.  

 Figure 3-5a shows that the strengths (both the upper bound (95% 

probability) and lower bound (5% probability)) are the theoretical strength when the 
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product of the specimen length and defect density, 𝜌 𝑙 = 0, while the contribution of the 

bulk strength increases as   𝜌  increases. The following equations can be used to predict 

the upper 𝜎  and lower bounds 𝜎 :  

𝜎 = 𝜎         for  𝜌 𝑙 ≤   (a) 

𝜎 = 𝜎       for  𝜌 𝑙 >   (b) 

Equation 3-1 Equations used to determine the upper bounds of the yield 
strength, (a) when there are low probability of defects, (b) as the probability 

of encountering a defect increases 

𝜎 = 𝜎         for  𝜌 𝑙 ≤ ( )  (a) 

𝜎 = 𝜎
( )

      for  𝜌 𝑙 > ( )  (b) 

Equation 3-2 Equations used to determine the lower bounds of the yield 
strength, (a) when there are low probability of defects, (b) as the probability 

of encountering a defect increases 

where 𝛼 is the strength probability of lower bound. These four equations allow us to 

generate the bounds plotted in Figure 3-5a. 
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Figure 3-5(a) model prediction and experimental comparison of yield 
strength, (b) dependence of bulk strength on strain rate fitted strain rate 
sensitivity parameter. 
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Most of the experimental data are located near the bulk strength, presumably 

because of the relatively high strain rate applied in our experiment and the relatively high 

probability of dislocations being present. That is, the probability of having dislocations in 

the  gauge  length  with  a  τCRSS/s equal to or close to that of the bulk strength is relatively 

high13,51.  The fitted bulk strengths are 0.6~0.9GPa, 0.2~0.4GPa and 0.05~0.2GPa for strain 

rates of ~0.0025 𝑠 , ~0.006 𝑠  and ~0.02 𝑠  respectively. These values show that the 

bulk strength decreases as a function of strain rate, which implies that the pre-existing 

defects can be activated at lower tensile stresses and that heterogeneous yielding occurs 

more easily when the fiber is loaded at higher strain rates. Therefore negative strain rate 

sensitivity would be expected. One important parameter, the strain rate sensitivity, m, is 

defined in terms of an empirical fitting formula: 

𝑚 = ( )
( ̇ )

  

Equation 3-3 Strain rate sensitivity 

which can be determined by fitting the stress-strain curves in logarithmic scales at 

different strain rates. As shown in Figure 3-5b, a negative strain rate sensitivity of 

m = -0.955 is obtained for our nanofibers, which is different with the reported strain rate 

sensitivity (m=0.085) of bulk Mo46. However, it is important to note that the negative strain 

rate sensitivity is observed here in a relatively narrow strain-rate range that is limited by 

our instrument capability. There is a possibility that the strain rate sensitivity might deviate 

from these values when a wider strain rate range is achieved as seen in Schneider et al.46.  

It is important to remember that the material system in question is not a pure Mo 

system, but an alloy consisting of 86Mo-10Al-4Ni (at.%)16. Al and Ni are present in nano-
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precipitate form within the volume of the nanofibers and were observed by Dudova et al. 

through high temperature creep studies57 and Zimmermann et al. using 3D atom probe 

tomography techniques58. Figure 3-6a-b are figures taken from the two papers discussed 

and show the existence of such precipitates. In figure 3-6a the aluminum rich regions are 

shown in red and the nickel rich regions in green, with the blue representing the 

moldybdenum. Figure 3-6b is a radial cross section of the NiAl matrix and a Mo-alloy 

nanofiber in the center. The precipitates, which were allowed to coelece into larger 

precipitates after annealing, can be seen as the black spots within the Mo-alloy nanofiber. 

 

Figure 3-6(a) Mo-alloy nanofiber 3D atom probe tomography scan showing the 
presence of precipitates without any annealing (adapted from Zimmerman et 
al., 2012). (b) Cross sectional area of the NiAl matrix with a Mo-alloy nanofiber 
in the center containing precipitates represented by the black spots (adapted 
from Dudova et al., 2011) 

Just as dislocations are mobile within the nanofiber volume, the solute atoms that 

make up the precipitates are also diffusing. The solute atoms diffuse to moving dislocations 

and could form clusters that then inhibit dislocation slip. This pinning effect creates strain 

localization around the dislocations, in which plastic deformation is no longer 
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sustainable59.  At high strain rates it is possible that the dislocations that are generated in 

the deformation process and also the pre-existing dislocations could be pinned by the 

quickly diffusing solute atoms. These pinned dislocations become the weakest link in the 

system and do not allow further yielding event to take place, which causes the nanofiber to 

quickly fail after this initial yielding. One counter argument to this theory comes by way 

of dislocation motion within the material. Because Molybdenum has such a high melting 

point (~2000°C) it is difficult introduce enough stress to cause the dislocations to be so 

mobile. However, Chisholm et al., demonstrated the mobility of dislocations under small 

tensile force20. It has also been shown that nanoparticles and nanosolids tend to have a 

depressed boiling point because of the large surface to volume ratio and small diameter60. 

This allows the idea of the dynamic strain aging to be a valuable hypothesis for the negative 

strain rate sensitivity seen in the experimental and modeling results.  

3.4. Conclusions 

In summary, we utilized a  micro-mechanical  testing  platform  in  combination  with  

a  nano-indenter  inside  a  SEM  to  investigate  the  strain  rate  dependent  mechanical  behaviors  

of  Mo   alloy   nanofibers   with   varying   dislocation   densities.  We   have   shown   a   trend   of  

decreasing  yield  strength  and  data  scatter  as  a  function  of  the  pre-strain  level  for  samples  

tested  at  lower  displacement  rates,  which  are  comparable  to  previously  reported  results17,  

20.  When  the  strain  rate  is  increased  by  a  factor  of  eight,  the  yield  strength  decreases  for  all  

pre-strain  levels.  A  negative  strain  rate  sensitivity  was  observed  over  the  range  of  tested  

displacement   rates.  The   complex  coupling  between   stochastic  deformation  behavior   (as  

shown   by   the   data   scatter   in   Fig.   3-3)   and   negative   strain   rate   sensitivity   has   been  
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deconvoluted  by  our  statistical  model  in  Fig.  3-5a,  without  which  the  large  data  scatter  does  

not  permit  a  clear  view  of  the  rate  dependency.  The  model,  which  is  based  on  the  weakest  

link,  suggests  that  the  probability  of  finding  a  pre-existing  defect  with  the  highest  Schmid  

factor   should   be   superposed   with   any   mechanisms   that   are   responsible   for   the   rate  

dependency.   However,   the   mechanisms   responsible   for   the   negative   strain   sensitivity  

cannot   be   obtained   from   this   study   due   to   the   lack   of  microstructural   characterization.  

Nonetheless,   these   findings   provide   opportunities   for   atomistic   simulations   which   are  

capable  of  modeling  systems  of  similar  sizes.   
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Chapter 4 

Chapter 4. Irradiation Effects on the 
Yield Strength of Mo-Alloy Nanofibers 

Understanding the deformation and failure properties of irradiated metals is an 

important topic concerning the nuclear community. Looking at materials such as 

martensitic/austentic steels61 for nuclear reactor vessels is a widely researched topic and 

new materials have been proposed such as Ni superalloys63 and Molybdenum63 based 

metals. This exploration of the difference in strength and behavior of body centered64,65 

and face centered cubic66 has been researched significantly by nuclear scientists67. 

Irradiation for fussion and some fission reactors involves the cladding material to be 

bombarded with doses of neutron particles. Many past experiments focused on the 

irradiation of metals with neutrons61,68 or protons69,70 which have shown to cause similar 

cascade like damage even at low DPA. However, by inducing defects with heavier charged 

particles we are able to look at much larger damages and a different form of defects from 

just voids and bubbles71. The experiments performed for this study used He+ ions, which 

behave similar to protons and cause small cascades but primarily cause defects by way of 

single atom displacement. We further expanded by irradiating our materials with Ar+ ions 

that are very large, heavier, and cause large levels of cascade like damage. Ar+ ions will 
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completely penetrate through the sample causing large amount of damage which allow the 

yield stress to approach the values of bulk Mo samples. The DPA values explored in this 

report ranged from 0.013 to 3.4.  Large amounts of dislocation loops were observed in the 

lower DPA with typical irradiation experiments, a hardening and embrittlement process 

takes place, resulting in a loss of ductility and slight increase in yield strength. Our samples 

did not display any increase in yield strength or loss in ductility. Given the small scale of 

our samples we see a decrease in yield strength and maintained brittle nature with continual 

localized plasticity. 

Recent experiments have been able to get a much more fundamental study of the 

deformation characteristics of the irradiated metals. With the help of in-situ techniques and 

electron microscopes samples sizes can approach the size of theoretical modeling and the 

deformation process can be readily visualized. Past experimentation involved the 

irradiation of metal foils or bulk samples and performing ex-situ experiments. TEM 

samples were cut from those samples and the pre- and post- mortem analysis was 

performed, in order to understand what is happening when a metal is deformed. The 

process of making TEM samples from bulk metals involves FIB milling. Even more recent 

in-situ high resolution experiments require the use of FIB sample prep technique. This has 

shown to cause surface damage and hardening effects that have the possibility to truly 

provide intrinsic insight to the deformation process. In our experiment we are able to work 

with a metal system which does not require any FIB modification before or after the 

irradiation. Our work reports the irradiation and subsequent mechanical characterization of 

Mo-alloy nanofibers without any FIB modification. In this way we are able to observe 

intrinsic mechanical properties of the nanowires at much smaller length scale. Our in-situ 
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capabilities allowed for the observation of brittle fracture modes for the fibers and a 

decrease in yield strength as the irradiation became more intense. This shows that 

hardening and embrittle that is usually described for irradiated materials is not large factor 

for such small length scales. The defects produced by the irradiation behaved in a similar 

way to pre-strained samples of the same materials explored previously. 

4.1. Methods and Sample Preparation 

Irradiation was performed at the Texas A&M Accelerator Laboratory run by Dr. 

Lin Shao in the Department of Nuclear Engineering. First, He ions were accelerated using 

a 140KeV accelerator to fluence levels of 5E14 and 5E16. When it was determined that 

more damage was necessary, Ar ions were bombarded on two new samples to a fluence of 

1E15 and 5E14 using a 100KeV accelerator. Two, pristine, nonpre-strained “pucks”  made  

up of the NAl-Mo eutectic system was provided for each of the four irradiation levels. One 

puck   was   a   pristine   “puck” that had not been etched. The purpose of this puck for 

irradiation was to provide a sample that may be tested by nano-indentation to probe the 

properties of the entire NiAl-Mo system. The second puck that was provided had been 

previously etched to expose the Mo-alloy fibers for direct irradiation. It is the second puck 

that was the focus of this study in project, because the ability to perform thorough and 

rigorous nano-indnetation experiments with enough indents to provide statistically 

significant sampling, was not available. Figure 4-1 below provides SEM images of the 

unetched (a-b) NiAl-Mo puck. The white spots dotting the surface of the puck are the tops 

of the Mo-alloy nanofiber eutectics with the black matix being the NiAl alloy. The etched 

samples are shown in figure 4-1 (c-d) and are seen to be well exposed with very long 
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lengths and large amounts of exposed samples. But the nanofibers were not removed from 

the puck or etched out all the way through the millimeters of thickness. They are supported 

at the base by still being connected to the puck. Each puck was attached to a conductive 

plate that was loaded onto the accelerator target. 

 

Figure 4-1 SEM images of the (a-b) unetched and (c-d) etched NiAl-Mo sample 
puck 
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4.1.1.1. Microstructural Analysis 

The received irradiated nanofibers were removed from the puck and dispersed in 

an alcohol solution by sonication for dispersion onto a Ti coated Si wafer. From the wafer, 

nanofibers were manipulated onto a TEM grid for TEM analysis using a micromanipulator 

probe station. Each of the four irradiated samples were loaded into a JEOL 2100F TEM 

using a double tilt holder stage that well suited for microstructural and defect anlysis of 

one dimensional samples. 

 Dark field TEM imaging conditions had to be used to view any defects and 

microstructural analysis. It was shown in Chapter 3 that pristine Mo-alloy nanofibers did 

not contain many defects and had a dislocation of nearly zero, because dislocations were 

shown to be present if a long length of sample was imaged19. All irradiated samples were 

annealed at 500°C in a N2 environment at atmospheric (1 atm) pressure for 45 min. This 

was to allow any defects that formed to coalesce into a larger defect that could be visualized 

in the TEM. Furthermore, the defects produced from the direct irradiation process were 

mainly small voids, vacancies and interstitials and once they were annealed they would 

form into larger voids and dislocation loops of varying size. He irradiated ions had 

relatively little damage but still contained a number of defects. As described earlier He 

irradiation does not cause a cascade of damage but produces spot defects in the introduction 

of voids and interstitials form displaced atoms encountered during the irradiation process. 

He is a relatively small ion compared to ionic Mo and thus does not do much damage. This 

was observed in the TEM imaging (figure 4-2a) of He irradiated fibers at the fluence level 

of 5E14 with 140 KeV of energy produced by the accelerator. Fluence itself is a measure 

of the number of ions that impact a given area. The larger fluence He irradiated samples 
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contained 5E16 ions that impacted the same area of the nanofiber. This was able to produce 

more defects that could combine to form a visible dislocation loop as seen in the middle of 

the fiber. Figure 4-2b shows evidence of linear dislocations present in the sample and it our 

firm understanding that these dislocations are intrinsic to the material not a consequence 

of the irradiation and annealing process.  

 

Figure 4-2 TEM images of the four irradiation levels. 140 KeV He irradiated 
samples to a fluence of (a) 5E14 and (b) 5E16, 100 KeV Ar irradiated samples 
to a fluence of (a) 5E14 and (b) 1E15. 
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The Ar irradiated samples were much more defective than the He irradiated 

samples. Again, this is because Ar ions are much larger (9x) when compared to the He 

samples and cause not only spot defects but a cascade of defects as a result of them 

impacting the surface of the nanofiber. The cascades are similar to what happens in a 

billiard cue ball makes contact with the triangle set up of the rest of the field of billiard 

balls. The first one is contacted and then hits the next one in line each one knocking the 

next one out of place continuing the process until they are all scattered. This is also 

explained by the DPA values provided for each irradiation level. The lowest fluence (1E14) 

He+ irradiated sample had a corresponding DPA value of 0.013, which means that for every 

impacted Mo atom In the crystal structure it did not even displace one complete lattice 

position. For higher fluence (1E16) He irradiated samples, the DPA values were much 

higher approaching 1.3 displacements per atom.  The lowest fluence (5E14) Ar+ irradiated 

sample had a DPA value of 1.7 displacements per atom and the highest fluence (1E15) Ar+ 

samples had 3.4 displacement per atom. As one can imagine this detrimental to the 

microstructure of the nanofiber and is clearly observed in figures 4-2 c-d. But, even though, 

the DPA values for the highest He+ and the lowest Ar+ irradiated samples were similar the 

damage is much more different. This falls back on the types of damage being produced and 

shows the difference between single atom knockout events and cascade events. Figure 4-

2c also shows evidence of linear dislocations but once again these are considered intrinsic 

dislocations of the Mo-alloy nanofiber. A fluence of 5E14 for Ar+ ions generated much 

more microstructural defects but they are in the form of black spot defects. Black spot 

defects are a convention by the nuclear community used to describe a coalescence of many 

small (< 10nm) dislocation loops that are not individually distinguishable. However, the 
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microstructure of the nanofiber is still well maintained apart from the black spot defects. 

When the fluence level is increased to 1E15 we now see the microstructure being nearly 

completely destroyed and the number of defects greatly outweighs the amount of crystal 

that has been maintained. There is still somewhat of a maintained crystal structure but even 

from the inset diffraction pattern a number of amorphous rings are visible.  

 The DPA calculations were performed by our nuclear engineering 

collaborators at Texas A&M University. With those calculations the modeling results 

showed what the penetration depth of the each type of ion into a simulated flat surface of 

Mo. This is not entirely representative of the system we are dealing with since our Mo 

system in a wire/fiber geometry. However, it is important to know whether or not an ion is 

projected to penetrate though the sample or make an initial impingement and produce a 

cascade of damage. Figure 4-3 illustrates the results of those experiments: figure 4-3a 

shows the penetration and number of vacancies created along a 4000 angstrom deep flat 

surface using 100KeV He+ ions. Figure 4-3b is the penetration and number of vacancies 

created on the same surface using 140 KeV Ar+ ions. 
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Figure 4-3 Penetration and number of vacancies created by (a) 100 KeV He 
and (b) 140 KeV Ar ion irradiation 

From this figure we can see that 100KeV He+ ions will pass completely through the 

diameter of the nanofiber and the 140 KeV Ar+ ions will only penetrate the surface. The 

damage created by the He+ ions is much smaller because they will only deal small blows 

to individual atoms but from the figure we can see a spike in the first layer and then the 

vacancies generated will gradually increase until they next end of the surface. Meaning that 

the majority of the vacancies are clustered at the two surfaces. After annealing those 

vacancies will coalesce into the damage show in figure 4-2 a-b. The Ar+ ions, being much 

bigger, will deposit most if not all their energy at the front surface. The vacancies generated 

will quickly drop off after that and none will be generated at the opposite side. However, 

as was mentioned before, Ar+ ions will create a cascade effect and cause a chain reaction 

of damage from its initial impact. 
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4.2. Experimental Results 

4.2.1.1. In-situ SEM Tensile Tests 

After the microstructural analysis was performed fibers were then manipulated to 

the micro-mechanical device using a Micromanipulator probe station and tested using in-

situ SEM techniques. An Agilent G200 in-SEM quantitative nanoindenter was used to 

actuate the micro-mechanical device. Load/displacement measurements were carried out 

by the nanoindenter and stress vs strain calculations were performed by myself. In-situ 

video recording and still images were taken of the test and used to analyze and gain further 

understanding of the in-situ events taking place during the test. The tests were performed 

using a displacement rate of 25nm/s in pure displacement control settings. A minimum of 

7 samples were taken for each irradiation level to provide good sample statistical 

confidence. An example of the experimental set up is presented below in figure 4-4a-d. 

Figure 4-4a is an SEM image of the micromechanical device and nano-indenter set up used 

to perform each experiments. A 5E14 cm-2 sample before and after testing is shown in 

figure 4-4b-c, this resolution is the typical imaging resolution during a test and the one in 

which video and screen shots are taken. The corresponding engineering stress vs strain 

curve is presented in figure 4-4d. A digital image correlation technique is used to determine 

more accurate strain values than the values obtained directly from the nanoindenter. 
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Figure 4-4(a) SEM image of the micromechanical device and nano-indenter set 
up. (b-c) SEM images of an He+ irradiated sample before and after testing. (d) 
Corresponding sample Engineering Stress vs Strain curve 

The results of the in-situ SEM tensile test are displayed below in figure 4-5. This is 

similar to the trend observed in figure 3-3 of the pre-strain study and strain rate sensitivity 

18,72study.  It is clear from the figure that as the amount of damage increases, the DPA level, 

and the larger the fluence with a larger ion (Ar+) the yield strength decreases. This trend is 

clear and synonymous to the before mentioned examples because of the number of defects 
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produced within the sample volume. The pre-strain studies observed show the yield 

strength relationship between larger, linear dislocations. This work shows an example of a 

different type of defect affecting the yield strength in a similar manner. Black spot defects, 

dislocation loops, and voids producing and reduction in yield strength as the amount of 

defects are increased.  

 

Figure 4-5 Yield strength vs irradiation condition plot showing the decrease in 
yield strength as a function of increasing damage 

The x-axis of figure 4-5 is labeled with the names of the samples that were tested. 

They are described in more detail as: pristine, which never underwent any irradiation, pre-

straining or further processing past etching out of the puck. He I was irradiated with He+ 
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ions to a fluence of 5E14 cm-2 after etching this corresponds to a DPA of 0.013. He II was 

irraditated with He+ ions to a fluence of 5E16 cm-2 after etching and this corresponds to a 

DPA of 1.3. Ar I was irradiated with Ar+ ions to a fluence of 5E14 cm-2 after etching and 

this corresponds to a DPA of 1.7. Finally, Ar II was irradiated with Ar+ ions to a fluence 

of 1E15 cm-2 after etching and this corresponds to a DPA of 3.4.  The error bars on the 

previous graph were determined by use of the Standard Error of the Mean method. 

4.2.1.2. In-Situ TEM Tensile Test 

In addition to the quantitative tensile tests performed by in-situ SEM, I also 

performed qualitative in-situ TEM tests in order to further understand what was occurring 

in the micro-structure and to understand the underlying mechanism for the trends observed 

in the previous section. The design and operating principle is described in more detail in 

the next chapter. In-situ TEM experiments were attempted for all irradiation levels but only 

successful for the He+ irradiation sample with a fluence of 5E16 cm-2.  This test showed 

the generation and propagation of dislocation loops within the samples that are 

subsequently pinned before fracture around the fracture site. These dislocation loops can 

be seen in the series of stills taken from the TEM test performed in figure 4-6. Because of 

the size of the sample and the length of the gauge length, performing high resolution 

imaging was difficult. Visible dislocation loops are on the order of 10 – 50 nm in size but 

the sample gauge length is approaching 3 µm, therefore, trying to determine the point of 

fracture is very difficult. However, the quantitative mechanical tests combined with the 

insight gained from the TEM test are the first true nanowire irradiation experiments. 
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Figure 4-6(a-h) TEM stills of He+  irradiated sample with dislocation loops 
marked out with blue arrows (e-g). 
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4.3. Simulation/Theoretical Based Tensile Tests 

Simulation was performed by our collaborators (Dr. Di Chen and Dr. Lin Shao) at 

Texas A&M University to allow for a theoretical investigation to the effects of irradiation 

on the tensile properties of the Mo-alloy nanofibers. The software and method used for the 

theoretical investigation is LAMMPS (Large-scale Atomic/Molecular Massively Parallel 

Simulator) and is a classical molecular dynamics simulator. The samples simulated were 

pure Mo bars containing 0.27 million atoms each. The geometry the bars is shown in figure 

4-7. In order to add a stress concentration area for testing, a notch was added in the form 

of a cross-sectional area reduction and would serve as the focus area for testing. 

 

Figure 4-7 Simulated Molybdenum bar used for tensile testing simulations 

The modeling was performed using a EAM potential73 which is based on tight 

binding theory and is an appropriate approximation for metallic systems. Each sample was 

loaded with interstitials ranging from 0% - 10% and strained at a strain rate of 0.1%/ps. 
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Each simulated sample was annealed at 1500K for 500ps then cooled down to room 

temperature (300K) and near absolute zero (1K). Interstitials are different from the 

dislocations observed and discussed in previous section, but the interstitials will behave 

similarly to the black spot defects observed. Once the annealing process is completed the 

interstitials will form larger voids and pockets of interstitials that will behave like the many 

black spot defects. Another difference that should be noted is that the Mo-alloy fibers tested 

experimentally are not pure Mo but a molybdenum alloy containing roughly 86% Mo and 

pockets of Ni and Al.  As discussed before these pockets and precipitates will cause the 

deformation to vary from pure Mo but the size of the nano-precipates will be roughly the 

size, or even smaller than the black spot defects and interstitial/void clusters seen in 

experiments and modeling and therefore will not be the weakest link in the deformation 

and failure process. Even though the strain rate is much faster than the one performed 

during the experiments the behavior observed is very comparable and allows further insight 

to the deformation and failure process of the Mo fiber. Modeling results will be introduced 

by   first   looking   at   the   “Ideal”   scenario   of   near   absolute   zero   (1K)   with   zero   to   10%  

interstitals inserted. Then the room temperature results will be introduced which are more 

comparable to the experimental results discussed in previous sections. By looking at the 

ideal scenario first, it is possible to get a baseline understanding to the yielding event and 

then exploring the room temperature yielding event with the greater lattice vibrations 

present.  

 The following figure shows the stress-strain curve for the 1K, zero 

interstitial sample. From this figure we can see a yielding point greater than 9 GPa labeled 

as part a. The continued plasticity and rapid decrease in stress until fracture is an artifact 



69 
 

of the simulation. The stress mapping is done as atomic stress and has units of 

bar*angstrom. 

 

Figure 4-8 Zero interstitial, 1K Mo bar stress-strain plot with atomic stress 
map 

From this stress map we can see that there is a uniform loading along the gauge 

length of the sample until a dislocation is nucleated to inhibit deformation. If this is 

compared to the next figure of the maximum interstitial case of 10%, the stress mapping is 

not as uniform and in a more concentrated area. From those stress concentration areas 

dislocations are generated that allow for slip to occur. The fracture surface is much more 

brittle in the 10% case than the pristine case with no interstitials, which seems to fracture 
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along a slip direction that would be expected with a BCC material. The combined stress 

strain plots are also shown in figure 4-10.  

 

Figure 4-9 10%interstitial, 1K Mo bar stress-strain plot with atomic stress 
map 
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Figure 4-10 1K combined stress vs strain plot 

By combing the stress vs strain plots of the two cases, for 1K, it is clear to see the 

reduction in yield strength from the zero to the 10% interstitial system. This is expected 

because of the number of defects present in the system but the system does not return to 

the bulk stress at this low temperature. Once the temperature is returned to room 

temperature and the same samples are retested we are able to observe a similar decrease in 

yield strength with increase in interstitials. However, the stress state and configuration is 

now more complicated due to the added effect of thermal vibrations.  

At room temperature, the test performed was more similar the experimental test 

performed by in-situ SEM tensile test. The stress mapping still show a more uniform stress 
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state in the zero interstitial case than in the 10% interstitials and the same decreasing yield 

strength trend can be observed. Figure 4-11(a-b) shows both simulations cases. 
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Figure 4-11 (a) Zero interstitial, 1K Mo bar stress-strain plot with atomic 
stress map,(b) 10%interstitial, 300K Mo bar stress-strain plot with atomic 
stress map 
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From figure 4-11 we can see the lack of a uniform stress state in the 10% interstitial 

sample is maintained as in the 1K case but again there are a few limited spots within the 

gauge length that are undergoing larger stress. This is unique form the zero interstitial 

sample where the stress concentration is located near the surface of the gauge length. When 

the stress concentration is located near the surface that signifies the nucleation of 

dislocations from the surface. With no interstitials the 1K and 300K sample yielded in the 

classical way of nucleating surface dislocations. When interstitials are introduced a 

weakest link is now available for initiating yielding and that is there internal stress 

concentration points are seen. As was stated before, a range of interstitials added was used 

to explore the yield stress dependence on defects. Primarily, defects that are introduced by 

sample irradiation. That range consisted of pristine, or 0% interstitials, to 10% interstitials 

in two percent increments. The same trend was observed for both the 1K and 300K cases, 

in which yield stress decreased as the number of interstitials increased. This is shown in 

figure 4-12a-b, where the simulation and experimental results are plotted together. It is 

important to note that the damage observed by TEM for the highest fluence Ar case showed 

substantial microstructural damage, but even though the yield strength began to plateau an 

effect of Ar irradiation the final value never approached the bulk value of pure Mo which 

is approximately 900 MPa. The simulation results did not show an plateau but that is a 

result of the smaller range of interstitial percent explored. However, the more interstitials 

added results in substantial computing and processing time. The important aspect of the 

simulation is the stress mapping and the correlation of the trend observed by experimental 

testing. 
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Figure 4-12 Graphical results showing the dependence of yield stress on the 
defect density. These plots show agreement between  (a) simulation and (b) 
experimental test 
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4.4. Discussion of Results 

Having completed the experiments for in-situ SEM and gained a valuable insight 

form the in-situ TEM tests, I am able to formulate a good story and hypothesis regarding 

the mechanisms and reason for the yield strength dependence on irradiation damage. Add 

to that the conclusions drawn from the simulations results, which only give further 

confidence to the experimental results, and an interesting and unique story unfolds. 

Keeping in mind that these results and experimental procedures is unique in that it focuses 

on the direct irradiation and mechanical properties correlation for irradiated nano-scale 

materials. Past results in the in-situ TEM work69,74 have been performed on samples 

prepared from bulk specimens, which may result in slight changes to the intrinsic properties 

based on the preparation method. Much of the work has focused on ex-situ sample analysis 

before and after testing from TEM prepared specimens. Dislocation and defect interactions 

are key to understanding the behavior of the trends observed for irradiated materials. 

Our results have shown a decrease in the yield strength as a results of increasing 

damage. That damage is altered by the increasing the fluence and the DPA values. Many 

of the previous work has also focused on maximum DPA levels near 0.1. These 

experiments are much higher and have maximum DPA values 3.4. Therefore, our testing 

and damage regime is much higher than many of the bulk studies performed in the past. 

The irradiation was performed at room temperature (300K) which is less than 0.3Tm. 

Zinkle and Mtsukawa point out that under these conditions other factors can alter the 

mechanical properties of the materials as opposed to the damage created during the 

irradiation75. These factors include: dose (fluence), strain rate and the testing temperature. 

Considering these factors these experiments only changed the dosage level and kept the 
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strain and testing temperature constant as we were only concerned with the irradiation 

damage effect on the mechanical properties. The decrease in yield strength as DPA is 

increased is not a typical trend for most materials61,62,65,66. It is expected that the yield 

strength will increase due to hardening that occurs as a results of a dynamic strain aging 

type of phenomena67. At low DPA values (0.001 – 3) dislocation can become pinned by 

the various defects and at dislocation channels67,68,70,76-78. However, just one result has 

shown that Mo (a low ductility BCC) metal can have the inverse 79effect, but that was only 

shown up to 0.1 DPA.  

 TEM analysis of the Mo-alloy nanofibers showed the presence of voids 

(0.013 DPA, He+) to large amount of black spot defects (3.4 DPA, Ar+). However, none of 

the irradiation levels produced a hardening in the nanofibers. Even with a DPA of 0.013 

for the lowest He+ irradiated sample, which is in the damage regime to that tends to produce 

hardening. This leads to more of an explanation that is used for the Mo-alloy pre-strain 

experiments, where the increase in defect density causes the sample to behave more like a 

bulk samples18,72. The more defective a sample then the more it will behave as a bulk 

material. When bulk samples are tested they show a hardening, but it is important to 

remember that they also contain grain boundaries that allow for hardening to take place. 

Another key difference is in the BCC crystal structure that does not allow for the formation 

of stacking fault tetrahedron. Stacking fault tetrahedron are excellent sources for hardening 

because of their ability to pin and, after enough stress is applied, release mobile dislocations 

contributing to a strain aging effect. The Mo-alloy nanofibers are considered pristine with 

very few intrinsic dislocations, but the TEM analysis shows that some of the samples have 

intrinsic linear dislocations. The presence of the these intrinsic dislocations explains why 
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the yield strength of the non-irradiated sample is not near theoretical value. The simulation 

results do approach the theoretical value for the non-irradiated case. The black spot 

defects/dislocation loops (experimental) and interstitial clusters (simulation) are the 

weakest links in the gauge length and are seen to produce dislocation loops (TEM images) 

that can be pinned to cause failure not hardening.   

4.5. Conclusions 

Therefore, we report the in-situ SEM tensile tests using a novel micromechanical 

device to explore the He+ and Ar+ irradiation effects on the mechanical properties of Mo-

alloy nanofibers. By including an example of in-situ TEM tensile test showing the 

generation and pinning of dislocation loops before failure we show how in-situ TEM and 

SEM can be used to gain an understanding of the properties and mechanism for material 

deformation and failure. Simulation and modeling using LAMMPS was also performed on 

this system to gain a more fundamental mechanism for the deformation and failure of the 

nanofibers. While the experiments varied the DPA (0.013 – 3.4), the simulation 

experiments used percent interstitials (0% - 10%) caused by the irradiation to explore the 

effect of irradiation on yield strength. Both experimental and simulation results 

demonstrate decrease in the yield strength with an increase in irradiation damage. This 

trend is different from bulk samples tested in that no hardening was observed. By 

introducing so many defects it shows a return to the bulk behavior but have a higher yield 

strength than the bulk. This is also the first true nanomaterial geometry experiment 

studying the irradiation effects on mechanical properties, as no other processing was used 

to allow for TEM and SEM analysis. 
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Chapter 5 

Chapter 5. In-situ TEM Electro-
Mechanical Testing System Design 

The transmission electron microscope is powerful tool for performing 

crystallographic, structural and elemental analysis. The ability to characterize the 

dislocation and other defects present in the material of interest is a powerful tool to provide 

a proper explanation for the mechanical properties and deformation observed during 

experimental investigation. The spatial resolution of a TEM is at the level which is probed 

by  theoretical  and  modeling  studies.  However,  up  until  the  early  2000’s  TEM’s  were  used 

primarily as the initial characterization and post-mortem analysis tool. This still did not 

allow for the full picture to be painted and the entire experiment to be understood. 

Speculation and modeling was still required in order to give a full explanation. Modeling 

is an excellent tool but the time space probed is much faster than any of the experiments 

that are performed labs. Therefore, with the recent development of commercially available 

tools and in-situ techniques to probe and visualize electronic, thermal, and mechanical 

properties there is a new wave of experiments that focus on this in-situ understanding. 

Many research groups have approached experimentation with this focus and it is almost 

becoming required to publish in-situ work in order to achieve a high impact publication.  
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 The ability to observe the lithiation of nanowire electrodes has shown the 

process by which a single nanowire is charged and the types of defects formed from the 

charging process80. The lithiation process of multiple nanowires that followed showed that 

some of the promising materials for battery electrodes were not as promising as they had 

been hypothesized. In-situ lithiation re-energized the battery community and pushed 

research groups to make the materials in a form that could be tested by in-situ TEM. By 

combining the FIB and in-situ TEM samples can now be machined to the specifications 

required to perform in-situ TEM. Kiener et al., (2011) utilized this method to produced 

irradiated Cu samples for in-situ TEM nanocompression69. By irradiating bulk copper with 

protons, and producing pillars through FIB milling, the copper pillars were quantitatively 

compressed in-situ and the deformation characteristics were visualized and compared with 

non-irradiated copper pillars to demonstrate why a difference is in strength and failure was 

observed. This evidence in both examples are much more substantial to the mechanics and 

materials community than the results produced by theoretical simulations because of the 

real-time observations that is intrinsic to the material and not constrained by computing 

and mathematical power.  

 As it has been stated before, the use of the FIB to produce samples can cause 

the intrinsic properties to be altered due to the surface modifications introduced by the 

gallium ions used in the milling process. Therefore, in order to reduce these effects 

nanowires can be synthesized as in the three previous chapters described in this thesis and 

with the help of MEMS devices they can be tested in-situ30. Depending on the type of 

holder utilized, it is possible to obtain quantitative data that can stand alone or qualitative 

data that can be a useful tool and compliment other mechanical testing techniques such as 
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in-situ SEM testing. Coupling in-situ TEM with in-situ SEM mechanical testing has the 

ability to provide a complete story, because of the high throughput of samples that can be 

performed by SEM tests and the high level of detail that is obtained from in-situ TEM tests. 

TEM testing is much more difficult to perform, but since statistical values are not 

necessarily required, only a few representative samples need to be tested. The statistically 

significant amount of results that must be obtained can be done by quantitative SEM 

testing. It is for this reason that we are able to utilize in-situ TEM as a quantitative and 

qualitative tool to great effect.  

With such a great technique also comes great costs, and commercial systems can 

run on the order of hundreds of thousands of dollars for a single stage. The purchased stage 

is also only able to be used in the TEM for which they were purchased and cannot be 

transplanted to a different TEM if the need arises. The types of experiments that can be 

performed are also limited to the system purchased. For example a nanofactory stage comes 

in three different versions: STM-TEM, AFM-TEM, Nanoindenter-TEM. Therefore 

depending on your application you are limited by the function that can be performed by 

that holder, and if you want to probe two properties, mechanical and electrical for example, 

one would have to purchase two stages. It is for this reason that, I have designed and built 

my own in-situ TEM stage that can probe electrical, thermal (joule heating), and 

mechanical properties on a single stage. In order to accomplish this a new MEMS device 

had to be designed that is just as versatile as the TEM stage. The costs to manufacture 

hundreds or thousands of MEMS device is cheaper than the cost of a single TEM stage. 

Therefore, I will present my designs for the in-situ TEM stage and MEMS device along 

with a couple of examples on how it can be utilized. 
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5.1. In-Situ TEM Stage Design 

After viewing the impact and costs of making an in-house TEM stage by Dr. Jun 

Yao and Dr. James Tour, it was suggested to me by Dr. Lou to explore designing and 

building our own stage to suit the purposes of our lab. I began by selecting which TEM 

would be the best candidate for in-situ experiments. Initially, a stage was designed for the 

JEOL 2010 LaB6 TEM, because the spacing for the holder was more forgiving and the 

ability to move the stage up and down in order to set the eucentric height was greater. The 

eucentric height is very important because it allows the TEM operator to properly focus on 

the sample. My time at Dr. Andrew Minor’s  Lab  and  Lawrence  Berkeley  National  Labs  

also influenced this decision, because this is the same TEM his group uses for all its in-situ 

work. However, we soon realized that the resolution was too low and ultimately did not 

serve the purpose we needed. So, I designed my in-situ stage for the JEOL 2100 EFTEM, 

which has a spatial resolution of 0.2nm and can provide all the features of the JEOL 2010 

just with much higher resolution and penetrating power. Many of the samples that we 

manipulate and test can be up  to  400  nm’s  in  diameter  and  are  difficult  to  image  in  a  TEM  

that is not operating on a field emission gun with a 200 KV operating voltage. The problem 

with the high resolution JEOL 2100 TEM is that the space for the sample is much smaller 

and the eucentric height is limited to ±100 µm instead of the ±1mm in the JEOL 2010 

TEM. Taking this change in parameters a new stage was designed to suit the positioning 

issue.  

The design is based on the standard single sample, single tilt holder developed by 

JEOL for the 2100 EFTEM. All the measurements were taken form that stage and 

replicated with modifications designed at the sample holding section. In order to allow for 
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in-situ testing a through-hole was cut through the length of the stage in order to feed 

through a set of four wires to provide electrical connections to actuate and probe the MEMS 

device. The sample holding stage is a thin piece of Al that can be designed in any way to 

accommodate different devices and samples, for the purpose of being a modular stage. 

Figure 5-1 is a modeled design of the TEM stage that was to be turned into the machine 

shop. 

 

Figure 5-1 In-situ TEM stage design model, a) tilted view, b) side view, c) top 
view 

From figure 5-1 the sample holding stage can be seen as a piece that is screwed into 

place. Multiple stages can be prepared and loaded with a sample, so that time is not wasted 

making new samples and disassembling the stage. Once a sample is tested, the user needs 

only to remove the sample stage and attach the new sample stage. Figure 5-2b below is the 

parts of the completed TEM stage with wires fed through and device stage attached to the 
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sample stage to the device is attached to the stage by using Crystalbond 555, which is 

commercially available wax that melts at ~40°C and is able to form a strong bond between 

metals capable of supporting machining and polishing processes. This property makes 

Crystalbond 555 and ideal candidate for use in our mechanical testing applications. 

Previous users were required to use an epoxy that required a hammer to remove the device 

from the substrate and made it nearly impossible to reuse the device.  Figure 5-2a is a top 

view of the in-situ TEM device. At the rear of the device there is a box that is shown in 5-

2c. This box houses the electrical connections through the length of the stage which 

terminate at the sample stage. Wires are fed through and a thicker gauge copper wire is 

used as the bridge between the outside and the environment that will be under vacuum. The 

larger gauge copper wires are held in place with Torr seal, which is a commercially 

available ultra-high vacuum epoxy that is electrically insulating. Once this has set the final 

electrical connections can be made to the box and further controlled through a sourcemeter, 

depending on the application and test wanting to be performed. There are four wires that 

terminate near the sample stage, and was designed in order to allow for the modular 

application of the stage. If a MEMS device is designed to perform four-probe measurement 

or the electrical-mechanical properties wish to be probed on a MEMS device this can be 

accomplished. In order to ensure proper connections to the device and make sure the system 

does not short out or damage the device. The wires are soldered to a strip of Cu tape that 

is connected to the Al sample stage using double sided insulating tape. A small amount of 

epoxy is required in order to remove the compliance of the insulating tape and ensure a 

stiff mounting surface for soldering and wire bonding. The MEMS device with the loaded 

sample is mounted with the Crystalbond 555 in such a way that the sample is over the 
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through hole drilled out of the Al sample stage. Once the device has been mounted, the use 

of a wire bonder is required to complete the electrical circuit. A Au gold wire with a 

diameter of 25µm is used to make this final connection from the device to the Cu tape. The 

stage can, very carefully, be inserted into the TEM for imaging and testing. 

 

Figure 5-2 Images of the completed TEM stage, a) the top view of the stage, b) a 
zoomed in image of the sample stage, c) the electrical connection box, d) a 

frontal view of the stage. 
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5.2. MEMS Device Design, Use and Applications 

In order to properly utilize the in-situ TEM stage discussed in the previous section, 

we set about designing a new MEMS device that could suite the needs of our experiments. 

The goal of our experiments were to perform high-resolution in-situ experiments to 

compliment the in-situ SEM tests. The device needed to apply a tensile stress on the sample 

in order for me to observe the microstructural deformation process and get a better 

understanding for just how the given sample is deforming. I was mainly focused on the 

role of dislocations such as: where were they generated/annihilated or if anything caused 

them to be pinned and lead to fracture. However, in order to be able to observe this the 

stage needed to apply the load at a much displacement rate than the SEM test. We were 

limited by the in-situ nanoindeneter to 20 nm/s and wished to perform test approaching 

5nm/s. In order to accomplish this a Si device that used thermal actuation was designed. 

Figure 5-3 contains two SEM images of the device (a,b) and a TEM image of a sample 

stretched across the gap(c). Thermally actuated devices operate on the principal of joule 

heating or resistive heating.  Controlling the number the of steps between a minimum and 

maximum voltage applied across the beams controlled the displacement rate. This 

parameter was limited by the point resolution of the Keithley source meter we used. Earlier, 

I discussed how the circuit was connected by wire bonding gold wires form the Cu tape to 

the pads that connect the inclined Si beams to each other. Figure 5-3a is an SEM image of 

the entire device. Each device contained two testing platforms on either side which could 

be used. Figure 5-3b is a higher magnification SEM image of the device showing the Au 
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wire bonded to the pads connecting the inclined Si beams. Finally, figure 5-3c shows an 

example of a Si wire placed over the gap between the two shuttles. One shuttle is secured 

to the Si sub wafer and is not mobile. The other shuttle is suspended with the inclined 

beams and is what is used to apply the tensile load. A linear potential sweep was performed 

for values of 0 – 10V and the resistance through the entire circuit is read from the source 

meter and  is  approximately  15  KΩ  with  that  value  decreasing  as  the  potential  is  increased.  

The device did not begin to actuate until the voltage reached 1.5V and any voltage higher 

than 10V would cause the device to overheat and the beams to explode. This would be 

catastrophic for the TEM, because of the degree of contamination that would occur within 

the column. Typical tests were performed between 0-6V, but it is important to note that if 

a value of 6V or higher was maintained for too long, the system would also overheat and 

explode. Maximum load that can be applied during a 0-10V sweep is on the order of 1mN. 

However, this is pushing the system to its limit and any applied load of 0.5mN or more can 

cause the beams to deform and no longer be suitable for a one dimensional test. This device 

was designed as qualitative tool for the TEM, but it is possible to determine applied loads 

because the samples that are being tested have already been tested by quantitative in-situ 

SEM techniques. The other method for determining the applied load the sample is based 

on the calibration performed on the beams and the displacement. Given the position of the 

beams during a test and the position where the beam should be if the device were empty, 

the applied load can be back calculated. However, like most samples in this testing set-up 

the need for high resolution images trumps the need to visualize the entire beam motion 

and the beam position at the given voltage cannot always be determined. 
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Figure 5-3 The in-situ TEM MEMS device, a-b) SEM images of the device, and c) 
a TEM image of a SnO nanowire across the gap between the testing shuttles. 

5.2.1.1. In-situ TEM Tensile Test on Metal Nanofibers 

Irradiated Mo fibers were used as the primary candidate for this testing stage. The 

objective of these test, as stated before, was to attempt to observe the dislocation behavior 

within the metal nanofibers during the tensile properties. In order to accomplish this 
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objective the nanowires had to be imaged in a high resolution dark field mode, because the 

large diameter made standard bright field imaging impossible. Dark field imaging allows 

for me to tilt the beam to obtain a certain diffraction spot. By choosing the correct spot I 

can make the native crystal lattice appear black and anything that does not meet the Bragg 

conditions to light up. In this case any dislocation or lattice rotations will light up, 

dislocations will show up as lines but only those that meet a specific set of conditions will 

be seen. Any form of lattice rotation or strain will be seen an increasingly larger bright 

spot. With this in mind sample were mounted and prepared for in-situ TEM testing.  

Two of the electrical wires were used in these experiments, because only actuation 

of the inclined beams was required. The parameters were entered into a linear V-I sweep 

program for a Kiethley 2400 sourcemeter and included such a values as: Minimum Voltage 

– 0V, Maximum Voltage – 6V, Number of Steps – 999 (this is the maximum value). The 

TEM imaging software currently available at Rice does not allow for video capture of the 

test. Therefore, over 300 still images are taken during a single test and compiled into a time 

lapse movie. From the time lapse move we can take representative still images that display 

the site and activity of interest for these experiments. Figure 5-4 on the next page is a 

representative series of snapshots for a He+ ion irradiated Mo-alloy nanofiber and the 

arrows point to a series of dislocation (Frank-Read Loops) generating dislocations. The 

final frames (g-h) show the failure of the nanofiber. 
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Figure 5-4 He+ ion irradiated sample with dislocation loops marked out with 
blue arrows. 
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Figure 5-4d-g show an interesting phenomenon of a dislocation source being pinned 

and no longer growing and producing dislocations and the area that is going to fracture is 

clearly seen. By seeing the activation of dislocation loops and subsequent pinning of further 

loops, I was able to predict the failure location and that is clear from 5-4g-h. This first 

example demonstrates how powerful of a tool in-situ TEM can be, since many test were 

performed in the SEM to obtain a statistically significant data set. However, the resolution 

of the SEM and that it is only a surface tool does not allow for any visualization of the 

dislocations. One can only observe the aftermath effect of dislocations in the fracture 

surface and any surface features caused by dislocation induced plastic deformation such as 

slip bands and necking. 

5.2.1.2. In-situ TEM Tensile Testing of a Metal Oxide Nanowire 

Metal nanowires are a classic example of research diving into the fundamental 

aspects of fracture mechanics. Metal systems show very pristine intrinsic deformation 

behavior that has been well studies and contain simpler crystal lattices and structures for 

analysis. Yielding and plasticity occur in most cases of metal nanowires because of the 

numerous slip systems contained within the crystal structure. Metal oxide nanowires 

behave different from standard metal samples because of the different bonding structure 

and more complicated crystal lattice once the oxygen atom is incorporated in 

stoichiometric quantities within the lattice. Apart from their structural applications many 

metal oxide systems have been looked at for their potential application to the rechargeable 

battery80 and solar cell industry81. In rechargeable batteries, primarily lithium ion batteries, 

new electrode materials are being looked at for their enhanced storage capability when 

compared to graphite. Graphite operates under an intercalation mechanism which is a 
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relatively benign reaction and allows for numerous charge-discharge cycles without any 

substantial damage to the cell. This is seen in current lithium ion battery applications for 

consumer electronics that last years. However, the amount of time one has on a single 

charge is quite limited and researchers are looking for ways to increase the capacity from 

a single charge. Metals oxides have surfaced as new electrode material, because they 

undergo an alloying reaction with lithium that allows for higher capacity. This alloying 

reaction has its drawbacks, though. With the alloying process comes an extremely large 

volumetric expansion of the material that cannot be sustained in bulk materials. A bulk 

material will pulverize itself upon being charged and render the cell useless82. Nanowires 

have been touted as the solution to this problem because of their ability to accommodate 

the volumetric expansion individually. Bill Song was able to synthesis SnO nanowires for 

the purpose of exploring the mechanical properties of the lithiated and pristine nanowires. 

With this information the lifespan and mechanical properties of the nanowire as it is cycled 

can be characterized. In-situ SEM test were performed to obtain the mechanical properties 

and once again the TEM was looked at to provide the explanation. While I were unable to 

complete the TEM test, because the cycled nanowires were too weak to be manipulated to 

the device. However, we were able to mount pristine sample and below in Figure5-5 we 

can observe the deformation process. Unlike the irradiated Mo-alloy nanofiber, the SnO 

nanowires had a diameter of 150 nm. At this dimension bright field imaging can be used 

and lower magnification imaging can be performed in-order to take the guess work out of 

determining the fracture point. 
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Figure 5-5 SnO nanowire (a) before the test, (b) midway through the test, (c) 
after fracture 

From figure 5-5 a-c we can see changes in the contrast during the test to the end. 

These contrasts are a mixture of strain gradients and lattice rotations due to the applied 

stress. Those that remain in figure 5-5c are permanent lattice rotations/distortions caused 

by the loading process. However, unlike the Mo-alloy nanofiber where numerous 
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dislocation loops were activated we do not see many dislocations in this sample just straight 

across cleaving leading to brittle fracture. In contrast, metal nanowires will show signs up 

plasticity near the fracture site. 

5.2.1.3. In-situ TEM Testing of a Core-Shell 1D Nanomaterial 

A third example of how the constructed in-situ TEM stage can be utilized involves 

another 1D nanomaterial. Core-Shell nanowires are also considered a high impact research 

area because the idea of smaller is stronger in single crystal nanowires stems from the high 

thermal energy required to generate surface dislocations. However, one proposed way of 

mitigating the generation of surface dislocations is to introduce a thin shell on the nanowire 

that would help to alleviate any stress concentration points along the surface of the 

nanowire. This theory has not been visualized in-situ to prove it by experimental means. 

This became a goal of our group as we attempted to synthesis metal and metal oxide 

nanowire with a two dimensional material shell such as graphene. While this proved to be 

difficult, we were able to run a few test on a carbon nanotube-SiC shell. In this system it is 

possible to combine the excellent mechanical properties of the carbon nanotube with the 

strength and rigidity of the SiC ceramic.  

 Indivdiual core-shell nanowires were mounted on the stage after they have 

been testing using in-situ SEM tensile test and AFM nanoindentation. Once again the 

high resolution properties of the TEM were needed to further explain the events observed 

by SEM and AFM mechanical testing. Figure 5-6a-b shows the carbon nanotube-SiC 

core-shell system before and after testing. 
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Figure 5-6 In-situ TEM tensile test of SiC-CNT nanotube core-shell structure, 
(a) test set up, (b) after fracture, (c) high magnification of the fracture surface. 

This test provided an interesting result that was hypothesized but never fully 

visualized at such a resolution. Figure 5-6c is a snapshot after fracture and shows that the 

nanotube core structure is actually a bundle of nanotubes, not a single nanotube. 

Furthermore, the nanotubes are being pulled out of the core shell structure in a classical 
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sword-sheath pull-out event that provides evidence for a low interfacial bonding between 

the nanotube and SiC. Since the nanotubes are bundles this also helps explain the lower 

mechanical properties observed by the Dr. Yingchao Yang. A bundle of nanotubes are not 

as strong as a single nanotube, because the weakest link is the links between the nanotubes 

that are Van der Waals forces and allow the bundle to be pulled apart at relatively low 

loads. 

5.3. Miscellaneous Experiments 

Finally, I would like to close this chapter by providing two other examples for how 

this stage can be used. Not only, is this stage capable of producing a one dimensional tensile 

force on a sample to compliment the SEM tensile tests, but it can stand alone with the 

correct platform. Being a modular system a different MEMS device can be mounted and 

wire bonded for testing various types of material, as well as, probing other material 

properties. Figure5-3 shows three wires attached to the stage: two that provide a potential 

that expands the inclined Si beams to produce a tensile force, and one that is connected to 

the secured (immobile) shuttle. If a current is passed through the secured shuttle and one 

inclined beam pad, it is possible to measure the electrical resistivity of the sample. This 

resistivity will read in the mega-Ohm regime due to the high resistance of the Si beams and 

the length of the path, but the sample can be treated as another resistor in series with the 

two Si shuttles.  

Using the same configuration, it is also possible to apply a large current and 

resistively (or joule) heat the sample bridging the gap. This has been investigated to only 

minor effect on Cu nanowires with a poly-vinyl alcohol (PVA) coating. We hypothesized 
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that by heating the Cu nanowire it is possible to reduce the PVA coating to its carbon base 

thus creating a graphene sheath. 20 and 200 mA were applied to a single Cu nanowire but 

the PVA was not reduced to graphene instead an amorphous carbon-like layer was slowly 

grown on the surface of the nanowire. Figure 5-7 shows two snapshots of one such 

experiment and by looking at the motion of one particle it is possible to see how the 

amorphous layer grew during the heating. 

 

Figure 5-7 In-situ heating of a Cu-PVA core-shell structure in an attempt to 
form a Cu-Graphene  core-shell structure, (a) before and (b) after 

While no graphene was  formed  this  attempt  did  allow  for  a  “proof  of  principal”  for  future  

applications and experiments dealing with in-situ heating.  

Finally, if the designed MEMS device does not provide the function, suite the 

application or the sample it is possible to design a new MEMS device. In collaborating 

with other research groups, I have come across a number of interesting devices to perform 

mechanical, electrical or thermal tests. One such platform was developed by The Center 
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for Integrated Nanotechnologies (CINT) and it is called the discovery platform. This 

platform has numerous devices on one convenient chip. Figure 5-8a shows the entire 

platform with all the internal devices and a number of cantilevers along the perimeter for 

various types of testing. The two mechanical testing devices for tensile and compression 

are shown in figure 5-8b. The way these were designed allows for the actuation circuit to 

operate independently from the sample circuit. This means that one can simultaneously 

measure the electrical resistance and a function of strain, something that is not possible 

with the MEMS device I designed. All my initial designs allowed for either the discovery 

platform or group MEMS device to be used. The discovery platform has TEM through 

holes over the sample so they can be mounted on the TEM stage to allow for testing and 

imaging as shown in figure 5-8c. One final useful capability is the incorporation of multiple 

Vernier gauges, which allow for quantitative stand-alone measurements to be performed. 
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Figure 5-8 (a) An SEM image of the discovery platform, (b) higher 
magnification SEM image of the mechanical testing devices, and (c) optical 
image of the mounted discovery platform on a in-situ TEM sample stage 

The various types of nanomaterial systems that have been mechanically tested using 

tensile stage can be broader and only limited by the types of materials that can be 

synthesized and manipulated to the device. As it has been stated before, by combing these 

test with in-situ SEM mechanical test it is possible to develop a full story and produce high 
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impact work with most, if not all, angles and possible hypothesis covered. Also, the 

modular capability and versatility of this stage allows for numerous types of material 

properties to be probed on different devices. Depending on the need of the researcher this 

system can be incorporated into just about any future research plan. It is exciting to envision 

how this system will be utilized in the future and what material systems will be tested. 
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Chapter 6 

Chapter 6. Concluding Remarks 

Structure-property relationships have been a hot topic since they first started to 

emerge   in   the   early   1900’s.   The   phenomena   of   length   scale   dependent   mechanical  

properties leading to the notion  of  “Smaller  is  Stronger”  has  been  the  topic  of  much  debate  

and fundamental exploration. With the advent of electron microscopy and the enhanced 

processing techniques, the ability to produce pristine and high quality 1D nanomaterial is 

beginning to be realized. Many theoretical investigations have been performed on the 

properties of 1D nanomaterials, and those experiments show great promise in not just 

mechanical but other chemical and electrical applications. These insights and predictions 

are a great driving force for experimentalist and we race to see who can be the first to 

demonstrate and explore these great properties. However, the length and time scale has 

always been a problem and using pristine 1D nanomaterials not from bulk samples 

produced by external methods is a great challenge. This thesis has provided an insight into 

the fundamental mechanical property of Ag and Mo 1D nanomaterials. Both the Ag and 

Mo nanowire systems were produced using a novel technique, from which no external 

milling or machining was necessary to produce sample with varying diameter and defect 

density. This technique is novel and opens the door to a new way of creating pristine 1D 
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nanomaterials that truly show the intrinsic property of material system in question. We 

demonstrate and provide a fundamentally grounded explanation to the mechanism for the 

observance of a critical dimension that leads to an increase in yield strength. Once this 

diameter of the sample is decrease beyond that critical dimension a Hall-Petch type 

relationship begins to emerge and the strength increases from the flat lined bulk strength. 

Bulk materials behave the way they do because of the numerous amounts of defects within 

their volume, whether they be different types of dislocations to grain boundaries. By 

controlling the defect density and the type of defects introduced a similar Hall-Petch type 

relationships is also seen. This novel sample preparation technique provides an excellent, 

versatile platform to explore structure property relationships on a single material system 

and geometry without the adverse effects from milling or mechanical processing. Finally, 

by further utilizing the SEM and TEM not just for sample analysis but to perform in-situ 

experimentation we can gain a much more atomistic and real-time observation for the 

deformation and failure process to help explain the mechanical test results. Using a novel 

micro-mechanical device that has been well established in our group for quantitative in-

situ SEM experiments to provide a high sample throughput and establish statistically 

significant results. Then performing representative sample testing by qualitative in-situ 

TEM tensile test with a newly developed and novel MEMS device, allows for the 

understanding of the microstructural evolution during a tensile test. In-situ TEM test 

provide a testing platform with the spatial resolution that approaches theoretical and 

simulation based techniques and, thus, help bridge that gap between the experimental and 

theoretical world. Therefore, this thesis is broken down into four main chapters that are 
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broken into three experimental chapters and one chapter discussing the design and 

implantation of the novel TEM testing platform.  

Chapter 2 focuses on the in-situ SEM tensile test of single crystal Ag fibers with 

varying diameter. The fibers were grown using the described method and from the same 

batch contained diameters ranging from 2µm down to 400nm. Tensile test showed the 

existence of a critical dimension around 1µm, below which the yield strength began to 

increase. Any sample with a diameter greater than 1µm maintained the yield strength 

observed for the bulk material and the yield strength of previously tested whisker samples. 

The deformation of all these single crystal Ag fibers mirrored that of micron size single 

crystal Ag whiskers in the formation of deformation slip bands. However, once the critical 

dimension was reached the deformation slip bands began to decrease. This is attributed to 

the length of the path that the slip bands travel down and probability of encountering 

another defect of dislocation during their slip. For larger diameter samples the length 

(corresponding to the diameter) is much longer and therefore, any mobile dislocation has 

a higher probability of encountering a defect. In order for that dislocation to continue to 

move it would have to jump to the next slip plane and thus continue to propagate through 

until it reached the surface. The smaller diameter samples had a smaller length for 

dislocation travel and a lower probability of encountering a defect. So less slip plane were 

activated as the dislocation was more likely to travel along a single slip plane. Our results 

bridge the gap between the micro and nano-regime of Ag wire like geometry and this 

critical dimension is found without the need for surface modification or the need to 

introduce any type of defects. 
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Chapter 3 uses a Mo-alloy  nanofiber  system  with  an  average  diameter  of  400nm’s  

to explore the structure property relationship by maintaining the size but introducing the 

number of defect though external compressive pre-straining. This system was grown using 

the same methods as the Ag system just using a different matrix material. By pre-straining 

the nanofibers to 4% and 16% dislocation densities can be increased to a near bulk state. 

This was confirmed by performing in-situ SEM tensile test form which a decrease in the 

yield strength was observed as the pre-strain level increased. At 16% pre-strain the bulk 

Mo value was approached. Taking this one step further, I performed a strain rate sensitivity 

study on the pristine, 4% and 16% pre-strain sample to explore any possibility of strain rate 

sensitivity. Interestingly, a negative strain rate sensitivity was observed and further 

confirmed by performing a rigorous statistical analysis. Negative strain rate sensitivities 

are primarily observed in materials with either precipitates or pinned dislocation/defects 

and this phenomena is known dynamic strain aging. In the nanoscale, dynamic strain has 

been observed in metals with intenal nano-precipitates that encounter and pin mobile 

dislocations. This pinned precipitate and mobile dislocation then become a weak link that 

leads to failure in a low ductile metal such as Mo. Our Mo-alloy system has been shown to 

have precipiates of Ni and Al that are formed during the solidification process and could 

be the reason behind the negative strain rate sensitivity we are observing. This work also 

points out the need for more in-depth modeling to help further understand the negative 

strain rate sensitivity in this system since micro-structural observations during testing were 

not available. 

Chapter 4 explores the irradiation damage effect on the same Mo-alloy system 

mentioned above. Mo can be used in the construction of nuclear reactors and the 
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mechanical properties of the metal after it has been irradiated is an important topic to 

designing nuclear plants. By irradiating the nanofibers with He+ ions (which resemble 

protons in their damage profile) at different dosage and furthermore with Ar+ at different 

dosage to create larger damage, we were able to observe a similar yield strength 

dependence as was seen when the sample was pre-strained. However, contrary to most of 

the nuclear materials community, no hardening was observed as a function of irradiation. 

This experiments is the first system of irradiation of direct nanomaterials and direct 

manipulation to testing without any external processes. The decrease in yield strength is 

attributed to the increase in defects as the dosage is increased similar to the pre-straining 

effect. By irradiating to high levels we can once again simulate the bulk behavior and cause 

failure. Once again the theory of dynamic strain aging can play a role in this explanation 

and this work further shows that at the nanoscale by increasing the defect, regardless of the 

type, we will see a transition to bulk a the defect density is increased. 

Finally, chapter 5 will introduce a novel in-situ TEM stage that was designed and 

built by myself for the purpose of complimenting the in-situ SEM test and provide further 

insight and understanding of the deformation and failure processes of materials tested in 

the SEM. This allows for a more complete story to be generated and further hypotheses to 

be proved without so much reliance on theoretical work, since the spatial resolution is 

increased but the time scale is the same as the experimental. This stage was designed to be 

modular so that future students may fit it to their specific project needs. It can be used to 

provide in-situ tensile test and can also be used to allow for in-situ heating and electrical 

test. With the adaptation of the CINT Discovery platform the researcher can couple two of 
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these methods together for a very powerful tool. Examples have been shown for its proven 

uses in tensile tests as well as its application for in-situ sample heating. 

While this thesis provides a good story for the experiments undertaken and the 

results obtained. It does not solve all the problems. I write this with the hope to inspire 

further work and research into these areas to gain more of an understanding on the 

fundamental mechanisms for metal deformation and failure, when applied to the structural 

and energy industries.  

-Live Long and Prosper!! 
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